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TiFe-based alloys are promising candidates for solid-state hydrogen storage 

due to their low cost and excellent reversibility near room temperature. How-
ever, the conventional powder metallurgy (PM) manufacturing method often 

induces severe surface oxidation of Ti powders, which significantly hinders 

the activation and degrades the hydrogen-storage capacity of produced TiFe 

alloys. In this work, low-cost TiFe-based alloys are synthesized via hydrogen-
assisted powder-metallurgy route. To mitigate the oxygen impurity issue, La 

hydride (LaHx) is introduced as an oxygen scavenger and pore-forming agent. 

The results indicate that the addition of La plays a dual role: it reacts with 
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oxygen to form stable La oxides, thereby reducing the oxygen content within 

the main TiFe matrix, and creates a porous microstructure that facilitates 

hydrogen redistribution inside the material. Characterization by O/N/H 

analysis and XRD confirms that, while the total oxygen content increases 

with La doping, the formation of La-oxide precipitations reduces the concen-
tration of oxygen dissolved in the TiFe matrix. Consequently, the La-doped 

alloy exhibits superior activation properties and a reversible hydrogen-
storage capacity of 0.96% wt. at 40C compared to 0.58% wt. for the un-
doped alloy. This study provides a feasible strategy for preparing high-
performance TiFe-based alloys via a cost-effective PM route. 

Key words: TiFe alloy, La hydride, hydrogen-assisted powder metallurgy, 

pore-forming effect, hydrogen-storage capacity. 

Стопи на основі сполуки TiFe є перспективними матеріялами для твердо-
фазного зберігання Гідроґену завдяки їхній низькій вартості та здатності 
оборотньо взаємодіяти з Гідроґеном за кімнатної температури. Проте, ста-
ндартні порошкові технології виготовлення цих стопів часто призводять 

до надмірного окиснення поверхні порошків, що перешкоджає активації 
стопу та понижує здатність накопичувати Гідроґен. У цій роботі стопи на 

основі TiFe було синтезовано методою порошкової металурґії з викорис-
танням наводнених порошків. Щоб зменшити проблему з домішкою Окси-
ґену, гідрид La (LaHx) був введений як вбирач Оксиґену та пороутворювач. 
Результати показують, що додавання La відіграє подвійну роль: він реаґує 

з Оксиґеном, утворюючи стабільні оксиди La, тим самим зменшуючи вміст 

Оксиґену в основній матриці TiFe, та створює пористу мікроструктуру, 
яка сприяє перерозподілу Гідроґену всередині матеріялу. Дослідження 

спеченого стопу за допомогою аналізи O, N, H і рентґенівської дифракції 
підтверджує, що, хоча загальний вміст Оксиґену збільшується з La-
леґуванням, утворення виділень оксиду La зменшує концентрацію Окси-
ґену, розчиненого в матриці TiFe. Леґований La стоп демонструє чудові 
активаційні властивості й оборотню водневу місткість (0,96% мас.) за 40C 

порівняно з 0,58% мас. для нелеґованого стопу. Це дослідження пропонує 

можливу стратегію одержання високоефективних стопів на основі TiFe за 

допомогою економічно ефективного порошкового підходу. 

Ключові слова: стоп TiFe, гідрид Лантану, воднева порошкова металур-
ґія, ефект пороутворення, воднева місткість. 
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1. INTRODUCTION 

The escalating global energy crisis has propelled the hydrogen indus-
try into the spotlight, driven by hydrogen high energy-density and 

clean-combustion characteristics [1–8]. Within this sector, hydrogen 

storage and transportation are pivotal. Conventional methods, such as 

high-pressure gaseous and cryogenic-liquid storage, are hampered by 

significant drawbacks, including safety risks and high energy con-
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sumption, respectively [3, 6]. Solid-state hydrogen storage emerges as 

a promising alternative, offering high volumetric capacity and en-
hanced safety [8–10]. Among various solid-state materials, TiFe-based 

alloys are particularly attractive due to their low cost and excellent re-
versibility near ambient temperatures [11, 12]. 
 The synthesis of TiFe alloy is commonly achieved through arc melt-
ing, mechanical alloying, and powder metallurgy [13–19]. Arc melting 

produces an as-cast microstructure with coarse grains, which length-
ens the diffusion path of hydrogen and limits the hydrogen-storage ki-
netic properties of the alloy [15]. Mechanical alloying tends to cause 

cold welding of powder particles, which requires the addition of organ-
ic process-control agents and introduces carbon impurities consequent-
ly [16]. In contrast, powder metallurgy, specifically hydrogen-assisted 

powder sintering, presents distinct advantages, including a simple 

process and low production cost [18, 20, 21]. The inherent porosity in 

sintered alloys provides effective pathways for hydrogen diffusion, 

optimizing kinetic behaviour [19, 22]. 
 However, the powder-metallurgy route faces a critical challenge—
the severe surface oxidation of Ti powders during processing. This ox-
ide layer acts as a barrier, hindering hydrogen diffusion, impeding ac-
tivation, and degrading the overall hydrogen-storage capacity [23]. 
Previous studies have confirmed that a high oxygen concentration 

suppresses the formation of the primary TiFe phase and that dissolved 

oxygen in the TiFe matrix can destabilize the metal hydride by reduc-
ing the desorption enthalpy [24]. Therefore, precise control of oxygen 

content is paramount for enhancing the alloy performance. 
 To mitigate the detrimental effects of surface oxidation, recent 

studies have explored the use of La-based additives. Chen et al. demon-
strated that adding LaH3 to V–Ti–Cr–Fe alloys decreased the propor-
tion of titanium oxides and improved hydrogen adsorption–desorption 

capacity [25]. Similarly, Alam et al. found that, in mechanically al-
loyed TiFe, the in situ formation of LaH3 promoted heterogeneous 

pores’ nucleation and provided diffusion channels for hydrogenation 

[26]. These findings suggest that rare-earth doping is an effective 

strategy for oxygen control, where the additive reduces the oxygen 

content in alloy matrix, weakens surface oxide layers, and accelerates 

hydrogen diffusion via the formation of LaH3. 
 In this work, we fabricate both pure and La-doped TiFe alloys, using 

a cost-effective hydrogen-assisted powder-metallurgy route. We in-
troduce La hydride (LaHx) as a dual-function additive serving as both 

an oxygen scavenger and a pore-forming agent. A series of characteri-
zation tests are conducted to investigate systematically the synergistic 

regulatory effect of La doping on the microstructure and hydrogen-
storage performance. This study aims to clarify the intrinsic modifica-
tion mechanism of La, focusing on its role in powder activation, phase 
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formation, and the optimization of hydrogen adsorption/desorption 

thermodynamics and kinetics. Our findings reveal a cooperative mech-
anism, wherein La doping constructs hydrogen-diffusion channels, 

while achieving purification of TiFe lattice, providing practical guid-
ance for optimizing the fabrication of high-performance TiFe-based 

hydrogen-storage materials. 

2. MATERIALS AND METHODS 

2.1. Preparation of TiFe Alloys 

TiH2 powder (99.9% purity,  45 µm) and pure iron powder (99.9% pu-
rity,  38 µm) were adopted as raw materials. The atomic ratio of Ti 
and Fe was fixed at 1:1 for all samples. 1% wt. La hydride ( 38 µm) 
was introduced into one group, while the other group contained no ad-
ditive. The two groups of weighed powders were placed into a container 

and mixed in a powder-mixing machine at 30 rpm for 6 hours. The as-
obtained Ti–Fe mixed powders were loaded into a mould, sealed under 

vacuum, and then subjected to cold isostatic pressing at 300 MPa with 

a holding time of 300 s. The green compacts were placed in a vacuum 

sintering furnace. Upon reaching a vacuum level of 110
3

 Pa, the fur-
nace was heated at a rate of 10C/min. After completion of the dehy-
drogenation stage, the temperature was maintained at 1200C for 2 

hours, followed by furnace cooling to room temperature. 

2.2. Characterization 

Phase identification was conducted by x-ray diffraction (XRD, PANa-
lytical Empyrean) using CuK radiation from 20 to 90 at a scan rate 

of 10/min. Oxygen content was measured by an O/N/H analyser 

(LECO-ONH 836). The microstructure and elemental distribution were 

observed by scanning electron microscopy (SEM, Thermo Fisher Verios 

5 UC) equipped with energy-dispersive x-ray spectroscopy (EDS). 
Room-temperature compression tests were carried out on a universal 
testing machine (MTS-E43.104) at a strain rate of 1 mm/min, with 

specimen dimensions of 5 mm10 mm. 

2.3. Hydrogen-Storage Performance Measurement 

All samples were activated and tested under equal experimental condi-
tions. To activate hydrogen sorption, vacuum heat treatment was per-
formed at 700C to reduce the thickness of the surface oxide film. The 

initial hydrogenation conducted at 700C under 50 bar hydrogen pres-
sure was adopted to expose the fresh alloy matrix. Ten adsorption–
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desorption cycles were subsequently carried out to stabilize the hydro-
gen-storage capacity. Finally, pressure–composition–temperature 

(PCT) tests were performed at 40C on a hydrogen adsorption–
desorption instrument (H-Sorb X600PCT-Pro, CIQTEK) to evaluate 

the hydrogen-storage performance. 

3. RESULTS AND DISCUSSION 

3.1. Pore-Forming Effect of La Addition 

Figure 1 shows the metallographic micrographs of undoped and La-
doped TiFe alloys, illustrating the differences in micromorphology and 

pore structure between the two samples. Low-magnification images 

show that interconnected macropores exist in both specimens, while 

the La-doped alloy contains a substantially larger amount of 

macropores. High-magnification metallographic observations further 

exhibit the matrix microstructure [27]. Micropores can be found in the 

undoped sample, yet the La-doped TiFe matrix contains much denser 

and more abundant micropores. The comparison demonstrates that La-
doping promotes the development of both macropores and micropores 

and produces a well-developed dual-scale porous structure. 
 Figure 2 shows the SEM morphologies and elemental distribution 

 

Fig. 1. Metallographic images of undoped and La-doped TiFe alloys at differ-
ent magnifications: undoped alloy (a), La-doped alloy (b). 
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mappings of undoped and La-doped TiFe alloys. Ti and Fe elements ex-
hibit inhomogeneous distribution in both samples. The signal intensity 

of Ti and Fe declines obviously within the pore areas, indicating low 

concentrations of Ti and Fe on pore walls and interiors. In contrast, 

oxygen displays obvious localized enrichment in many pore regions, 
including large pores and tiny micropores. In the La-doped sample, 

prominent La signals emerge mainly in partial micropore areas, where 

oxygen is also enriched. Comparatively, strong La signals are barely 

observed on large pores that indicates that La-containing phases tend 

to aggregate preferentially within the micropores rather than large 

pores. 
 To further explore the elemental composition difference between 

micropore regions and dense matrix regions of the La-doped sample, 

three positions marked in Fig. 2, b were selected for EDS point scan-
ning. The atomic percentages of Ti, Fe, O and La at these testing points 

are summarized in Table 1. Point 1 and point 3 are in micropore re-
gions. The results show extremely low Ti and Fe contents, while O and 

La account for the overwhelming majority, with combined atomic per-
centages exceeding 90%. In contrast, point 2 is situated in the dense 

matrix area away from micropores. This position is dominated by Ti 
and Fe, and only a small amount of oxygen can be detected; nearly, no 

 

Fig. 2. SEM morphologies and elemental distribution mappings of undoped 

and La-doped TiFe alloys: undoped alloy (a), La-doped alloy (b). The marked 

points in Fig. 2, b represent the selected regions for EDS point scanning. 
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La element exists in this region. The quantitative data further verify 

that La and O tend to accumulate within the micropores of the La-
doped TiFe alloy forming small precipitations (particles of 2 µm in 

size). 
 Combined with metallographic observation, SEM morphology, and 

EDS elemental analysis results, the effect of La-doping on the micro-
structure of TiFe alloy can be clarified. The undoped TiFe alloy con-
tains inherent pores after sintering. After La-doping, the macropore 

size of the alloy increases obviously, while the number of internal mi-
cropores rises significantly. SEM and EDS tests confirm that La and O 

elements preferentially accumulate in micropore regions rather than 

in dense matrix areas. The enrichment of La and O inside the mi-
cropores induces the generation of abundant micropores. In general, 

La-doping effectively promotes the formation and development of the 

dual-scale pore structure of sintered TiFe alloy. 

3.2. Effect of La Addition on Oxygen Redistribution in the Material 

The phase composition of undoped and La-doped TiFe alloys was char-
acterized by XRD, and the corresponding patterns are presented in 

Fig. 3. Both samples contain the main TiFe phase together with the 

impurity Ti4Fe2O phase [27]. Ti4Fe2O forms during high-temperature 

sintering via reactions between the alloy matrix and trace residual ox-
ygen. This impurity phase exerts a poisoning effect on the hydrogen-
storage system of TiFe-based alloys [28]. Clear differences in phase 

constituents are identified between the two samples. Compared with 

the undoped TiFe alloy, new diffraction peaks belonging to La2O3 

emerge in the XRD pattern of the La-doped specimen [29]. The appear-
ance of the La2O3 phase verifies that the doped La element possesses 

strong oxygen affinity and consumes partial oxygen impurities in the 

alloy matrix during the sintering process. Since partial oxygen partic-
ipates in the formation of La2O3, the oxygen source for generating the 

harmful Ti4Fe2O phase is reduced correspondingly [30]. This competi-
tive oxygen-consumption behaviour inhibits the generation of detri-
mental Ti4Fe2O phase with La-doping. 
 O/N/H analysis was further adopted to characterize quantitatively 

TABLE 1. Elemental composition gained by EDS point scanning at the marked 

spots in Fig. 2, b. 

Points Ti, % at. Fe, % at. O, % at. La, % at. 

1 2.1 1.5 61.9 34.5 

2 48.2 44.9 6.8 0.0 

3 4.2 2.4 60.5 32.9 
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the variation of oxygen content, and the measured data are summa-
rized in Table 2. The total oxygen content does not decrease after La-
doping, but it shows obvious upward trend. This observation suggests 

that noticeable part of oxygen impurity can be introduced in the alloy 

with initial lanthanum hydride powder. What is more important, the 

effect of La-doping leads to a redistribution of oxygen inside the sin-
tered alloy material. This leads to purification (deoxidization) of the 

TiFe lattice (matrix) rather than of the sintered material as a whole. 
This trend can be explained with the support of previous SEM observa-
tions and EDS mapping as well as point scanning results. 
 Multiple characterization results demonstrate jointly that La is not 

uniformly distributed in the sintered TiFe alloy, but accumulates as 

small precipitations preferentially within the micropores and grain-
boundary regions. Owing to high oxygen affinity, La drives oxygen 

impurities to migrate out from the TiFe-alloy matrix toward porous 

and defective zones. The migrated oxygen reacts preferentially with 

enriched La to generate La2O3 precipitations rather than forming 

Ti4Fe2O inside the matrix [31]. 

 

Fig. 3. X-ray diffraction patterns of undoped and La-doped alloys. 

TABLE 2. Oxygen, nitrogen and hydrogen contents of undoped and La-doped 

alloys. 

Samples O, % wt. N, % wt. H, % wt. 

undoped alloy 0.306 0.00577 0.00426 

La-doped alloy 0.472 0.00581 0.0109 
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 Consequently, although La addition increases the statistical total 
oxygen content of the alloy in macroscopic measurement, the for-
mation of La2O3-phase precipitations fundamentally enables the effec-
tive deoxidation of the alloy matrix, reducing the oxygen impurity dis-
solved in the TiFe crystal lattice. The oxygen impurities, which origi-
nally poisoned the hydrogen-storage performance, are transferred and 

consumed in the defect regions that reduces the content of harmful 
Ti4Fe2O phase in the matrix and purifies the alloy microstructure. Fur-
thermore, the in situ generation of La2O3 particles in pore regions is 

consistent with the pore-forming effect concluded in the previous sec-
tion. The oxygen migration and phase-transformation behaviour in-
duced by La-doping achieve simultaneously matrix purification and 

microstructure optimization, which provides an improved matrix 

structure for the hydrogen-storage reaction of TiFe alloy. 

3.3. Compressive Mechanical Performance 

Room-temperature compression tests were carried out to investigate 

the mechanical performance of undoped and La-doped TiFe alloy. Fig-
ure 4 presents the compressive stress–strain curves of the two sam-
ples. Table 3 summarizes the corresponding average peak compressive 

stress and fracture strain. The stress–strain curves show obvious dif-
ferences between the two alloys. The undoped TiFe alloy achieves a 

higher peak stress, while the La-doped TiFe alloy exhibits a delayed 

 

Fig. 4. Representative compressive stress–strain curve of undoped and La-
doped TiFe alloys. 
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peak position. Combined with the statistical data in Table 3, the aver-
age peak compressive stress of undoped TiFe alloy is of (60.10  6.79) 

MPa, which reduces to (32.25  6.72) MPa for La-doped TiFe alloy. In 

terms of fracture strain, undoped TiFe alloy reaches (8.04  3.96)%, 
whereas La-doped TiFe alloy increases to (11.47  2.23)%. 
 The variation of mechanical properties can be associated with the 

microstructure evolution induced by La-doping. As discussed above, 

La addition promotes the in situ formation of La2O3 particles and gen-
erates abundant micropores within the alloy matrix. Under compres-
sive load, these micropores and dispersed La2O3 particles act as stress-
concentration sites, accelerating crack initiation and propagation and 

lowering the bearing capacity of the alloy. Meanwhile, the porous mi-
crostructure provides space for plastic deformation, which accounts 

for the larger fracture strain of La-doped TiFe alloy. 
 These results demonstrate that La-doping reduces the peak com-
pressive strength and improves the deformability of undoped TiFe al-
loy. From the perspective of practical processing, the decline in com-
pressive strength brings favourable advantages for the hydrogen-
storage TiFe alloys. La-doped TiFe alloy can be crushed into fine parti-
cles under lower external force, simplifying subsequent pulverization 

and granulation procedures [32]. Combined with foregoing discussion, 

La-doping inducing La2O3 formation simultaneously realizes TiFe-
matrix deoxidation and pore construction, regulating alloy mechanical 
properties. Such comprehensive modification improves the machina-
bility of TiFe-based alloys and facilitates subsequent activation and 

hydrogen-storage applications [30]. 

3.4. PCT Hydrogen-Storage Performance 

Figure 5 presents the PCT curves for the undoped and La-doped TiFe 

alloys at 40C. The PCT measurements reveal significant differences in 

both the plateau characteristics and the hydrogen-adsorption capacity 

between the two samples. The undoped TiFe sample exhibited a slop-
ing-plateau region spanning approximately 10–25 bar (1–2.5 MPa). 
The hydrogen concentration increased substantially as the pressure 

was raised. At the end of this plateau region, the hydrogen-adsorption 

capacity reached approximately 0.58% wt. Upon further pressuriza-

TABLE 3. Average peak compressive stress and fracture strain of undoped 

and La-doped TiFe alloys. Data are expressed as mean  standard deviation. 

Sample Stress, MPa Strain, % 

undoped alloy 60.1  6.79 8.04  3.96 

La-doped alloy 32.25  6.72 11.47  2.23 
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tion to 50 bars, the hydrogen concentration continued to rise gradual-
ly, ultimately reaching 0.81% wt. In striking contrast, the La-doped 

TiFe sample displayed a considerably flatter plateau, with the majority 

of hydrogen adsorption occurring within the narrow pressure window 

of 5–15 bars. Within this short interval, the hydrogen concentration 

increased rapidly to approximately 0.96% wt., exceeding the plateau-
end capacity of the undoped sample. Upon further pressurization to 

50 bar (5 MPa), the total hydrogen concentration reached approxi-
mately 1.20% wt., which is 0.39% wt. higher than the value obtained 

for the undoped sample. 
 The markedly improved hydrogen-storage performance of the La-
doped sample can be rationalized on the basis of prior XRD, SEM–EDS 

and O/N/H analyses. The XRD and O/N/H analyses have demonstrat-
ed that La-doping reduces the amount of Ti4Fe2O phase through pref-
erential oxygen scavenging, preserving the chemical purity of the TiFe 

matrix [33]. Since Ti4Fe2O is an inert phase that does not participate in 

hydrogen adsorption, its removal is directly contributing to the higher 

total capacity. Simultaneously, the pore-forming effect of La (increase 

in total volume of dual-scale pore structure) provides a more extensive 

network of hydrogen-transport pathways. The enhanced porosity facil-
itates the infiltration of hydrogen gas into the interior of the sample, 
accelerating the kinetics of hydrogen uptake and enabling a more com-
plete utilization of the TiFe matrix. The steeper plateau observed in 

the La-doped sample (5–15 bars vs. 10–25 bar) suggests that the im-
proved pore network reduces the pressure hysteresis in sintered TiFe 

 

Fig. 5. PCT curves for the undoped and La-doped TiFe alloys at 40C. 
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alloys. 
 The synergy between the pore-forming and matrix purification of 

La-doping is therefore evident in the PCT behaviour: the deoxidation 

effect increases the intrinsic hydrogen-storage capacity of the matrix 

by reducing the inactive Ti4Fe2O phase, while the pore-forming effect 

enhances the hydrogen accessibility and uptakes kinetics through the 

creation of a more open microstructural network [19]. This dual mech-
anism—chemical purification of TiFe matrix coupled with physical 
channel creation—accounts for the simultaneous increase in both the 

plateau capacity (0.96% wt. vs. 0.58% wt.) and the ultimate capacity 

(1.20% wt. vs. 0.81% wt.) of the La-doped sample. 

3.5. Phase Constitution and Impurity Variations after PCT Cycling 

To investigate the phase stability and internal elemental variation of 

undoped alloy and La-doped alloy after long-term hydrogen adsorption 

and desorption cycling, XRD phase characterization and O/N/H anal-
ysis were performed on the cycled alloy samples. The phase structural 
changes before and after cycling were analysed, based on the XRD re-
sults, while the variations of oxygen and hydrogen elements were 

summarized and discussed, according to the O/N/H test data. 
 XRD test results shown in Fig. 6 reveal that no new diffraction 

peaks are observed for the undoped alloy after PCT cycling. In compar-
ison, a new diffraction signal appears for the La-doped alloy, which can 

 

Fig. 6. XRD patterns for the undoped alloy and La-doped alloy after PCT hy-
drogen absorption–desorption cycling. 
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be preliminarily assigned to La-hydride phase (marked in Fig. 6). This 

indicates that the La-containing phases in the matrix, such as La ox-
ide, can react with hydrogen upon PCT cycling to form La hydride. 
 As summarized in Table 4, residual hydrogen content rises for both 

alloys after PCT cycling, while a considerably higher magnitude in-
crease is observed for the La-doped alloy. Accordingly, it may be in-
ferred that La-containing phases (e.g., La oxide) within the La-doped 

alloy react with hydrogen to produce La hydride. This inference is well 
supported by the foregoing XRD observations. 
 Combining the above XRD and O/N/H characterization results, the 

two sets of experimental evidence jointly indicate that La-bearing con-
stituents inside the La-doped alloy undergo hydrogenation reactions 

during PCT cycling to produce La hydride. 

4. SUMMARY 

In this work, we studied comparatively microstructure, mechanical 
properties and hydrogen-storage performance of TiFe alloy and La-
doped TiFe alloy fabricated by hydrogen-assisted powder sintering. 

The addition of La brought an evident pore-forming effect inside the 

matrix, modifying the internal pore structure of sintered samples. 
Moreover, La-doping realized local accumulation of oxygen impurity 

with formation of lanthanum-oxide precipitations in TiFe matrix, re-
moving harmful Ti4Fe2O phase and purifying the TiFe lattice. 
 Compression-test results demonstrated that the La-doped alloy pos-
sessed lower compressive strength relative to the undoped alloy. This 

reduced strength facilitates crushing the alloy into fine powder parti-
cles, which supports subsequent activation and practical application 

for hydrogen storage. 
 PCT characterization confirmed the improvement in hydrogen-
storage performance derived from La modification. The La-doped alloy 

exhibited a smoother and more stable hydrogen-adsorption platform. 
Its hydrogen-storage capacity on the platform was higher than that of 

the undoped alloy, and the ultimate hydrogen capacity measured at 

5 MPa outperformed the undoped counterpart too. 
 Characterizations after hydrogen adsorption–desorption cycling 

show increased residual hydrogen content in both alloys. A higher hy-
drogen increment can be observed for the La-doped alloy. It can be con-

TABLE 4. O/N/H elemental contents of alloys before and after PCT cycling. 

Samples O, % wt. N, % wt. H, % wt. 

undoped alloy 0.760 0.0293 0.0295 

La-doped alloy 0.749 0.0357 0.0897 
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cluded that La hydride is formed through the reaction between La-
bearing phases and hydrogen during cycling. 
 In summary, La-doping optimizes the microscopic structure, crush-
ability and overall hydrogen-storage performance of the TiFe alloys. 
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Influence of Y and Al Addition on the Glass-Forming Ability of 

Complex Alloyed Fe40–50.4(TM, Al)29.1–37.5Y1.8–2(Si, C, B)19.7–22 Alloys 
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The influence of Y and Al alloying on the glass-forming ability of bulk metal-
lic glasses of the Fe40–50.4(TM, Al)29.1–37.5Y0–2(Si, C, B)19.7–22 system alloys with 

different content of transition metals (TM) and metalloids is investigated. 
An extensive analysis of the amorphization tendency of the studied alloys is 

carried out with a comparison of the effectiveness of several criteria. In rap-
id-quenched bulk samples of the complex alloyed alloys studied in the article, 
a number of non-equilibrium structures are observed (namely, purely amor-
phous, amorphous–crystalline (nanocomposite) and nanocrystalline ones) 
that indicates a significant dependence of the structure of this group of al-
loys on cooling conditions. As shown, the main factor determining the amor-
phization tendency of Fe-based alloys is the proximity of the alloy composi-
tion to the eutectic. Alloying the alloys with yttrium and aluminium signifi-
cantly increases the melt amorphization tendency. 

Key words: eutectic alloys, nanocrystallization, amorphization, melt quench-
ing, bulk metallic glasses, glass-forming ability. 

Досліджено вплив леґування Y і Al на схильність до аморфізації об'ємних 

металевих стекол стопів системи Fe40–50.4(TM, Al)29.1–37.5Y0–2(Si, C, B)19.7–22 з 

різним вмістом перехідних металів (TM) і металоїдів. Проведено широку 
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аналізу схильности до аморфізації досліджуваних стопів з порівнянням 

ефективности кількох критеріїв. У швидкозагартованих об'ємних зраз-
ках складнолеґованих стопів, досліджених у роботі, спостерігається ряд 

нерівноважних структур, а саме, повністю аморфні, аморфно-кристалічні 
(нанокомпозитні) та нанокристалічні, що свідчить про значну залежність 

структури цієї групи стопів від умов охолодження. Показано, що основ-
ним чинником, що визначає схильність до аморфізації стопів на основі 
Fe, є близькість складу стопу до евтектики. Леґування стопів Ітрієм і 
Алюмінієм значно підвищує схильність до аморфізації розтопу. 

Ключові слова: евтектичні стопи, нанокристалізація, аморфізація, загар-
тування розтопів, об'ємні металеві стекла, здатність до склоутворення. 

(Received 21 April, 2025; in final version, 3 March, 2026) 
  

1. INTRODUCTION 

The development and use of bulk metallic glasses (BMGs) are of signif-
icant interest to modern scientists. Currently, BMGs, which are pro-
duced by melt quenching at rates ≤ 100 K/s, have been obtained in al-
loys based on Zr, Pd, Mg, Ti, Ni, Fe [1, 2]; among these BMGs, iron-
based alloys occupy a special place both from a commercial and techno-
logical point of view, since they have a unique combination of relative-
ly low cost with high strength characteristics, wear resistance, corro-
sion resistance, magnetic and even antibacterial properties [3–5]; the 

competitiveness of bulk amorphous alloys (BAAs) also depends on their 

amorphization tendency, strength characteristics in combination with 

satisfactory plasticity, corrosion resistance, thermal stability of the 

structure, and manufacturing technological regimes, which should be 

as close as possible to traditional casting technologies. 
 For the development of BAAs, modern researchers mainly use topo-
logical criteria for the glass forming ability of metal melts [6]; one 

such criterion is a large (≥ 12%) difference in the atomic diameters of 

the alloy components, number of which there must be at least three [1]; 

the second criterion emphasizes that the atomic sizes of the alloy com-
ponents and their concentrations must correspond to certain ratios 

that provide the densest packing of atoms in the disordered structure 

[6]; according to Turnbull’s thermodynamic criterion [7], the glass 

forming ability of the alloy increases with increasing normalized glass 

transition temperature Trg = Tg/Tl, where Tg and Tl are the glass transi-
tion and liquidus temperatures, respectively; to reduce Tl of iron-based 

alloys, it is necessary to add metalloid alloy to them, as well as some 

refractory metals (Zr, Nb, Mo, etc.); the addition of refractory metals 

also contributes to an increase in the glass transition temperature due 

to an increase in elastic moduli [8]; according to the results of experi-
mental studies of the influence of alloying elements on the glass form-
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ing ability of iron-based alloys, it was found that small (1.5–2 at.%) 
additions of yttrium and other rare earth metals have the most effec-
tive effect on reducing the critical cooling rate; thus, the critical 
thickness of amorphous castings of Fe50Cr14Mo14C14B6Y2 and 

Fe50Cr14Mo14C14B6Dy2 alloys is of 4 mm [9], Fe60Cr10Mo9C10B6Er2Ni3 al-
loy is of 8 mm [10], (Fe44.3Cr5Co5Mo12.8Mn11.2C15.8B5.9)98.5Y1.5 and 

(Fe44.3Cr10Mo12.8Mn11.2C15.8B5.9)98.5Y1.5 alloys is of 12 mm [11], and 

Fe41Co7Cr15Mo14C15B6Y2 alloy is of 16 mm [12]; such critical thickness 

values of BAAs are record-breaking at the present time; partial re-
placement of Fe with other transition metals has a less pronounced ef-
fect on the amorphization tendency of alloys: the critical thickness of 

the Fe64Mo14C15B7 alloy casting increases from 2.5 to 4 mm when al-
loyed with Mn, Cr, and W (Fe49Mn10Mo14Cr4W1C16B6) [13], and a change 

in the Fe/Co ratio from 9:1 in the [(Fe0.9Co0.1)0.75B0.2Si0.05]96Nb4 alloy to 

1:1 leads to an increase in the critical thickness of the ingots from 2 to 

5 mm [14].  
 The strength properties of BAAs are an important criterion from 

the competitiveness point of view. As it known, amorphous metal al-
loys are characterized by a high level of hardness, strength, and wear 

resistance [15] due to the disordered nature of their structure, in 

which there are no defects in the crystal structure. Among the known 

amorphous metal alloys, the strongest are alloys based on the Fe–B 

system. Their strength limit exceeds 3500 MPa [15]. The level of me-
chanical properties of amorphous metal alloys largely depends on 

changes in their chemical composition. For example, an increase in the 

B content to 17.5 at.% in the Fe75Si10B15 alloy instead of Fe causes an 

increase in the strength limit to 3900 MPa [16]. Therefore, research is 

focused on finding such combinations of alloying elements that would 

simultaneously increase the level of both strength properties and the 

amorphization tendency of alloys. For Fe-based alloys, the optimal al-
loying elements are Co and Nb, the addition of which made it possible 

to create a number of high-strength alloys of the 

[(Fe1−xCox)0.75B0.2Si0.5]96Nb4 composition with a compressive strength 

limit of 3900–4250 MPa, which are amorphized in the form of rods 

with a diameter of 2 to 5 mm [17, 18].  
 An additional potential for increasing the strength properties of 

BAAs is the formation of crystalline phases in the initial amorphous 

matrix [16, 19], as was observed, for example, in amorphous alloys 

based on Al [20]. However, currently for Fe-based alloys, this issue 

remains almost unexplored.  
 Thus, based on the analysis of literature data, it can be concluded 

that the problem of creating a new class of structural materials, i.e., 

bulk amorphous alloys, is extremely relevant, but far from resolved. 
Further comprehensive research is needed, aimed at finding new alloy 

compositions with increased characteristics of glass forming ability, 
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thermal stability, strength, and plasticity, as well as reduced sensitivi-
ty to the purity of components and casting conditions. 
 Based on the above, the main idea of this study was to establish the 

influence of chemical composition (alloying with yttrium and alumini-
um) and production conditions on the amorphization and nanocrystal-
lization tendency of complex alloyed iron-based alloys for further de-
velopment of high-strength composites. 

2. EXPERIMENTAL/THEORETICAL DETAILS 

Research and development of methods for rapid melt quenching were 

carried out on alloys of the Fe40–50.4(TM, Al)29.1–37.5Y0–2(Si, C, B)19.7–22 

system with different content of transition metals and metalloids, the 

chemical compositions and markings of which are given in Table 1. 
 The alloys were synthesized (melted) taking into account the physi-
cochemical approach [21] to predict facilitated glass formation, which 

is based on the properties of the alloy components and the features of 

their interaction, reflected in the phase diagrams. In particular, the 

formation of glasses is facilitated by the presence of deep eutectics on 

binary (Fe–B, Fe–P) and ternary (Fe–B–Si, Fe–P–C) phase diagrams, a 

significant (not less than 15%) difference in the atomic diameters of 

the components (transition metals and metalloids), a large difference 

in their valence [7, 22, 23], as well as the presence in each alloy of sig-
nificantly more than three components with large negative enthalpies 

of mixing (∆Hmix). In general, variations in the composition of alloyed 

alloys were carried out to increase their ability to amorphized and pro-
cessability during casting (quenching, including ultrafast) on air. 
 When obtaining bulk amorphized ingots (plates and rods) of new 

alloys, made by refining from the initial industrial alloys and raw ma-
terials, it was shown that the method of casting the melt under excess 

TABLE 1. Marking and chemical composition of the studied alloys. 

No. Alloy mark Chemical composition, at.% 
Total metal-
loid content, 

at.% 
1 HBRM-4 Fe60.6Cr13.8Mn0.3 Mo1.9Nb2Al0.2Cu0.5B16.2C2Si2.5 20.7 
2 HBRM-4-1 Fe58.5Cr14.1Mn0.3W1.9Mo3Nb0.9Al0.1Cu0.5B17.1C2Si1.6 20.7 
3 HBCY-1 Fe49.7Co4.5Cr14.7Mo9.3B3.6C13.5Si4.6 Al0.1 21.7 
4 HBCY-1-1 Fe40Co5.3Cr16.6W3.9Mo10.5Mn0.2B4C14.9Si1.7Al1Y1.9 20.6 
5 HBCY-2 Fe50.4Co4.5Cr14.8Mo9.3Mn0.4B9C9Si2.5Al0.1 20.5 
6 HBCY-2-1 Fe43.6Co5.4Cr15.9W3.9Mo7.9Mn0.6B9.8C9.8Si0.1Al1Y2 19.7 
7 HBCY-3 Fe42.4Co6.6Cr15.6Mo13.4B5.8C14.6Si1.6 22 
8 HBCY-3-1 Fe41.6Co7.1Cr15.3Mo12.8B5.9C14.8Si0.6Al0.1Y1.8 21.3 
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pressure (higher than 0.5 atm.) into a copper mould with a thickness of 

2–3 mm in a protective atmosphere of argon or helium makes it possi-
ble to obtain them almost completely in an amorphous state for rods 

with a diameter of 3–3.5 mm, made of complex alloyed alloys HBCY-1-
1 and HBCY-2-1 containing yttrium and aluminium. 
 Thus, the obtained rapidly cooled samples, the list of which is given 

in Table 1, had the form of ribbons, plates and rods of various thick-
nesses. 
 Using the R(D) dependences [24–27] for different ranges of thick-
nesses, as well as taking into account the difference in the cooling rate 

of ingots in the form of plates and rods with the same values of thick-
ness and diameter according to the geometric parameters of all the 

studied strip and bulk samples studied in this work, the cooling rates 

were calculated, which, together with the list of samples, are given in 

Table 2. 

3. RESULTS AND DISCUSSION 

X-ray studies of rapidly cooled ribbons showed that their diffraction 

patterns had a form typical of amorphous metal alloys (Fig. 1). 
 Analysis of the angular positions of the scattering maxima, the 

heights of the first maximum І(2θ) and the interatomic distances r1 

showed that for the ribbons of all the studied alloys in the initial state 

the atomic structure is quite similar. The dimensions of the CSR(L) 
calculated from these data are within 1.11–1.61 nm (Table 3), which is 

also typical for metallic glasses. This indicates that the technological 
parameters of the melt-spinning method used in this work provided 

cooling rates sufficient to suppress completely the crystallization pro-
cess in the studied melts. The obtained values of L of the initial amor-
phous ribbons for different groups of alloys do not correlate with the 

TABLE 2. List of studied samples and their cooling rates calculated using 

empirical equations from works [26–30]. 

Alloy mark Ribbon thick-
ness, µm 

Evaluated 

speed, K/s Bulk samples Evaluated 

speed, K/s 
HBRM-4 20 5.85×106 Plates–3/5 mm 340/208 

HBRM-4-1 19 5.92×106 Plates–3/5 mm 340/208 
HBCY-1 28 2.06×106 Plates–2/5 mm 505/340 
HBCY-2 25 2.93×106 Plates–2/5 mm 505/340 
HBCY-3 28 2.06×106 – – 

HBCY-1-1 40 6.82×105 Rod–3.8 mm 414 
HBCY-2-1 30 1.66×106 Rod–3.5 mm 448 
HBCY-3-1 – – Plate–3.6 mm 448 
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chemical composition and their tendency to amorphization. Thus, the 

minimum dimensions of the CSR obtained both for ribbons of the yt-
trium-doped alloy HBCY-2-1 (1.11 nm) with a high and for HBRM-4 

(1.23 nm) with a low tendency to amorphization. 
 From a physical point of view, the most accurate quantitative char-
acteristic of the melt tendency to amorphization (TA) is the minimum 

(critical) cooling rate, Rc, at which the experimentally detectable frac-
tion of the crystalline phase (usually ≤ 1%) does not have time to form 

in the melt. 
 However, these measurements are quite complex and to date, exper-
imentally determined Rc for bulk metal alloys (BMAs) based on Fe have 

been given only in a few works. The data available in the literature on 

the amorphization of a wide range of metal melts have allowed us to 

establish empirical correlations between the values of Rc and Dc and a 

number of thermodynamic criteria characterizing the tendency of 

melts to glass formation [22]. In particular, qualitative criteria for the 

 

Fig. 1. Diffraction patterns of rapidly cooled ribbons of alloys: HBCY-1 (1) 
and HBCY-2 (2). 

TABLE 3. Structure parameters of the studied alloys. 

Alloy mark Half-width 

of halo, deg. 2θB, deg. CSR dimension, L, 

nm (fraction, X) 
Average interatomic 

distance, nm 
HBRM-4 9.28365 52.38 1.23 0.249 
HBCY-1 7.05809 51.44 1.61 0.254 
HBCY-2 7.62558 51.38 1.49 0.254 

HBCY-2-1 10.260 51.123 1.11 0.255 
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tendency are the relative glass-transition temperature Tra = Ta/Tl, the 

temperature range of the existence of a supercooled melt Tons − Ta, and 

the ratio ym = (2Tons − Ta)/Tl [31]. 
 By comparing the results of structural studies of a number of ob-
tained alloys, it was found that the use of the γ criterion allows for a 

qualitative prediction of the critical thickness of ingots. However, the 

expansion of the range of alloys studied revealed certain discrepancies 

between the predictions made using this criterion, and further analysis 

of the TA given in the literature led to the development of a number of 

new thermodynamic criteria that more correctly characterize the con-
ditions of melt amorphization. Based on this, in this work an extended 

analysis of the TA of the studied alloys was carried out with a compari-
son of the effectiveness of several criteria. 
 As TA criteria, in addition to the γ criterion, two more criteria, 

ym = (2Tons − Ta)/Tl and g ons g g l2 ( )T T T T Tω = − + , were selected, for 

which, in Ref. [33], the empirical dependences of the cooling rates 

[K/s] are given in the form Rc(γ) = 1.333×1021exp(−111.138γ), Rc(γm) = 

= 3.947×1014exp(−43.802γm) and Rc(ω) = 1.833×10−3exp(54.639ω). 
 One of the most important characteristics of amorphous alloys is 

thermal stability (crystallization onset temperature Tons), since it de-
termines the temperature–time limits in which the physical properties 

inherent in the amorphous structure are preserved. In addition to the 

Tons temperature, the value of which was estimated mainly at a heating 

rate of 10 K/min, the DSC thermograms shown in Fig. 2, contain indi-
rect information regarding the structure of rapidly cooled ribbons and 

the nature of the transition of amorphous phases to the equilibrium 

crystalline state. As can be seen from the data presented, the transition 

of amorphous phases in the studied alloys begins at different tempera-
tures and occurs in two (alloy HBRM-4, Fig. 2, a), three (alloys HBCY-
1 HBCY-2, HBCY-3 Fig. 2, b), four (alloy HBCY-2-1, Fig. 2, c) and 

even in five stages (HBCY-1-1, Fig. 2, d). 
 A common feature of all thermograms of rapidly cooled ribbons of 

the studied alloys without exception and additional confirmation of 

the amorphous nature of their structure is the presence of a small en-
dothermic effect immediately before the onset of crystallization, 

which is a sign of a glass transition, the quantitative characteristic of 

which is the glass transition temperature, Tg (temperature of the in-
flection point of the thermogram). 
 In addition to the temperatures Tg and Tons, the parameter γ also in-
cludes Tl, which is an important technological characteristic of the cast-
ing process, since it significantly determines the viscosity of the melt. 
 A common feature of the thermograms of the studied alloys (Fig. 3) 
is a large endothermic effect, from which melting begins and which, 
with increasing temperature, is accompanied (except for alloy HBCY-
2-1, Fig. 3, b) by a number of weaker endothermic reactions. 
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Fig. 2. DSC thermograms of amorphous ribbons of alloys of grades: crystalli-
zation in two (alloy HBRM-4) (a); three (alloys HBCY-1 (b) HBCY-2 (c), four 

(alloy HBCY-2-1) (d) and even in five stages (HBCY-1-1) (e). 
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 Thermal reactions that occur at higher temperatures correspond to 

the melting of carbide and boride phases, which ends at the liquidus 

temperature. 
 The TL values estimated from these data are given in Table 4 and 

marked with asterisks, in contrast to the TL measured using optical 
pyrometry. 
 From the above relationships and the data in Table 4, it follows that 

the differences in the values of the γ and γm criteria, which reflect the 

relative TA of the studied alloys, are due, first of all, to the differences 

in the liquidus temperatures (Fig. 3), the higher values of which indi-
cate a significant deviation of the alloy composition from the eutectic. 
 The obtained Rc values for the HBCY-1-1, HBCY-2-1 and HBCY-3-1 

 

Fig. 3. Melting thermograms measured at a heating rate of 10 K/min., of the 

initial ingots of the studied alloys: HBCY-1-1 (a); HBCY-2-1 (b); HBCY-3-1 

(c); HBCY-3 (d). 
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alloys doped with yttrium and aluminium are noticeably (more than 5 

times) higher than for the HBCY-1, HBCY-2 and HBCY-3 alloys. 
 The estimates of the cooling rates of a 3.5 mm thick bar and a 3.6 

mm thick plate, made using the dependence lg 8.06 1.69 lgR D= −  

[28], give values of 140 and 137 K/s, respectively, which are close to 

the critical cooling rates Rc for the HBCY-2-1 and HBCY-3-1 alloys 

(153 and 142 K/s, respectively), calculated using the thermodynamic 

criterion γ (Table 4). The analysis shows that the thermodynamic crite-
rion γ can be useful for a preliminary assessment of the tendency of 

alloys to amorphization. 
 Among the alloys studied that did not contain yttrium and alumini-
um, both HBCY-1 and HBCY-2 are characterized by a high ability to 

amorphized and thermal stability of the amorphous state. For a more 

detailed study of the tendency of these alloys to amorphization, ingots 

of alloys HBCY-1 and HBCY-2 with a thickness of 2 mm were pro-
duced, but their phase compositions were practically identical to those 

of ingots with a thickness of 5 mm. Figure 4 shows the diffraction pat-
terns obtained from samples cut from the lower parts of ingots with a 

thickness of 2 mm of alloys HBCY-1 and HBCY-2. 
 As can be seen from the above data, both samples have a crystal 
structure consisting of solid solution crystals based on α-Fe, tetrago-
nal phase of the Fe3B type, Cr23C6 type phase with a complex cubic lat-
tice and Fe7C3 phase, the lattice of which belongs to the rhombic sys-
tem. From the data in Fig. 4, it follows that the redistribution of 

amorphized elements (increasing the B concentration in the HBCY-2 

alloy by 6 at.% due to 5 at.% C and 1 at. % Si) did not lead to significant 

changes in the phase composition of the ingots, except for a noticeable 

decrease in the content of Fe7C3 carbide. 
 In addition, a comparison of the diffractograms shown in Fig. 4 

shows that the interference lines of α-Fe and carbides and borides 

TABLE 4. Thermal stability parameters of amorphous phases during continu-
ous heating at a rate of 10 K/min; thermodynamic criteria characterizing the 

TA of the studied alloys; critical cooling rates and critical thicknesses. 

Alloy 

mark 
TL, K 

Tg, 
K 

Tons, 
K 

Tg/TL γ Rc(γ), 
K/s 

Dc(γ), 
mm 

γm Rc(γm), K/s Dc(γm),mm 

HBRM-4 1320 767 798 0.58 0.382 176 2.36 0.637 300 3.417 
HBCY-1 1388 762 794 0.549 0.369 813 1.37 0.595 1.89×103 0.267 
HBCY-2 1438 807 827 0.56 0.368 825 1.34 0.589 2.47×103 0.245 
HBCY-3 1517 849 875 0.56 0.370 765 1.4 0.594 1.98×103 0.263 
HBCY-1-1 1467* 866 896 0.59 0.384 150 2.5 0.588 2.62×103 0.379 
HBCY-2-1 1437* 840 874 0.585 0.384 153 2.5 0.621 614 1.639 
HBCY-3-1 1429* 857 879 0.60 0.385 142 2.6 0.631 391.5 1.718 

*
 Tl values measured from DSC thermograms 
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formed in the HBCY-1 alloy ingot are noticeably wider than in the 

HBCY-2 alloy ingot, which indicates a smaller size of nanocrystals in 

the first of these alloy. 
 It follows from the diffraction patterns of bulk samples of the 

HBCY-2-1, HBCY-3-1 and HBRM-4-1 alloy ingots shown in Fig. 5 that, 
despite the relatively close cooling rates, their structure is noticeably 

different. If the diffractogram of the HBCY-2-1 alloy ingot (Fig. 5, a) 
contains only a diffuse maximum, which is typical for bulk metallic 

glasses, then in the diffraction patterns of the remaining samples, re-
flections from crystalline phases are observed: in the HBCY-3-1 alloy 

against the background of the maximum from the amorphous phase 

(Fig. 5, b), while in the patterns of the HBRM-4-1 alloy (Fig. 5, c) no 

signs of amorphousness are observed. 
 Calculations of the relative fraction of the crystalline phase, X, and 

estimation of the crystal size showed that the structure of the HBCY-3-
1 alloy plate contains approximately 10% α-Fe crystals, the average 

size of which is 12.4 nm, and the bulk density is 1023
 m−3. Such parame-

ters are typical for the so-called nanocomposite structures that are 

formed during partial crystallization of amorphous phases upon heat-
ing, which was observed, in particular, in amorphous ribbons of the 

HBRM-4 alloy [33]. The surface layers of the HBCY-3-1 plate con-
tained a small amount of ultrafine (nanosize) carbides and borides 

identified (marked) on the diffractogram. By gradually grinding the 

HBCY-3-1 plate, it was possible to establish that all the detected nano-

 

Fig. 4. Diffraction patterns of ingots (bottom) 2 mm thick of alloys HBCY-1 

(B-376) (1) and HBCY-2 (B-379) (2) in the initial state (symbol ♦—lines of the 

tetragonal phase Fe3B, α—α-Fe, ×—Cr23C6 phase, ↓—Fe7C3-type phase). 
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crystals were formed in its surface layer. The presence of an amor-
phous phase in the inner layers of the ingots and its smaller amount on 

the surface is at first glance somewhat unexpected, since the surface 

layers are cooled in direct contact with the walls of the copper casting 

mould at a higher rate. Nevertheless, a similar effect (formation of 

crystalline layers on the surface of the castings) was observed in a 

number of works when obtaining ingots from bulk amorphized alloys 

based on Fe [34] and Zr [35]. 
 The structure of the HBRM-4-1 alloy ingot consists of α-Fe crystals 

and phases isomorphic to the borides Cr23C6 (Fe23B6), Fe3B and 

(Fe, Cr)7C3. The estimates showed that the average size of α-Fe crystals 

and Fe23B6 boride in the structure of the HBRM-4-1 alloy rod is 19.0 

and 32.0 nm, respectively. 
 As a generalization of the results of the structural analysis, we note 

that in the bulk rapidly cooled samples of complex alloyed alloys of the 

studied system (Fe, Co)–(Cr, Mo, W, Nb)–Y–(C, B, Si, Al), a number of 

non-equilibrium structures are observed: purely amorphous (HBCY-2-
1), amorphous–crystalline (nanocomposite) (HBCY-1, HBCY-2, 
HBCY-3-1) and nanocrystalline (HBRM-4, HBRM-4-1), which indi-
cates a significant dependence of the structure of this group of alloys 

on the cooling conditions. Doping of alloys with Y and Al noticeably 

increases the tendency of melts to amorphization, which is probably 

associated both with the optimization of the atomic packing density in 

the melt due to the addition of large atoms, and with the formation of 

an oxide protective film on the surface of the solidifying melt. 
 It is expected that active development of technological processes for 

casting amorphous Fe-based alloys, close to industrial ones, as well as 

the use of technical purity components and alloys as starting materi-
als, will reduce the cost of a new class of materials with unique sets of 

properties to the level of existing tool steels. Further developments in 

 

Fig. 5. Diffractograms (CoKα radiation) of rapidly-cooled bulk alloy samples: 
a—HBCY-2-1 (rod with a diameter of 3.5 mm); b—HBCY-3-1 (plate with a 

thickness of 3.6 mm); c—HBRM-4-1 (rod with a diameter of 2.7 mm). 
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this direction should be aimed at creating and developing a high-
performance technology for the industrial production of highly-
alloyed volume-strengthened structural nanostructured materials by 

controlled crystallization of melts, amorphous ribbons and bulk ingots 

of developed iron-based alloys; development of a technology for manu-
facturing electrodes from nanophase powder for applying wear-
resistant coatings using existing technologies. 

4. CONCLUSIONS 

1. The main factor determining the TA of Fe-based alloys is the prox-
imity of the alloy composition to the eutectic one. According to the re-
sults of the evaluations, the alloys doped with yttrium and aluminium 

HBCY-1-1 (Fe40Co5.3Mn0.2Cr16.6W3.9Mo10.5B4C14.9Si1.7Al1Y1.9), HBCY-2-1 

(Fe43.6Co5.4Mn0.6Cr15.9W3.9Mo7.9B9.8C9.8Si0.1Al1Y2) and HBCY-3-1 

(Fe44.85Co7.1Mn0.05Cr15.3W0.01Mo12.8B5.9C14.8Si0.6Al0.1Y1.8) have the highest 

tendency to glass formation, with critical ingot thicknesses of 2.5, 2.5 

and 2.6 mm, respectively. 
2. The main reason for the presence of nanocrystalline phases in the 

surface layers of the HBCY-3-1 thin plate and their absence in the in-
ner layers is the intensive heterogeneous nucleation of crystals in the 

surface layers, caused by their interaction mainly with oxygen resi-
dues in the casting atmosphere during a relatively long cooling time. 
Reducing the influence of heterogeneous nucleation can be achieved by 

improving the casting conditions (in particular, by choosing the at-
mosphere), as well as by selecting alloying impurities that reduce the 

nucleation rate. 
3. In the bulk rapidly cooled samples of complex alloyed alloys of the 

studied system (Fe, Co)–(Cr, Mo, W, Nb)–Y–(C, B, Si, Al), a number of 

non-equilibrium structures are observed: purely amorphous (HBCY-2-
1), amorphous–crystalline (nanocomposite) (HBCY-1, HBCY-2, 
HBCY-3-1) and nanocrystalline (HBRM-4, HBRM-4-1), which indi-
cates a significant dependence of the structure of this group of alloys 

on the cooling conditions. 
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Patterns of the Relationship between the Limit Potentials of 

the 06KhN28MDT Alloy and Its Indicators in a Gap with a 

Chloride-Containing Medium Present in the Operation of Heat 

Exchangers 
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The article develops mathematical models based on regression trees to study 

the relationship between the repassivation potential (Erep), free corrosion 

potential (Ecor) of the 06KhN28МDТ alloy in a chloride-containing media, its 

chemical composition, and structure. As established, Erep shifts in the posi-
tive side with an increase in Cr and Cu contents. Specifically, Erep shifts by 

192.4 mV within the Cr content range of 23.12–23.68 wt. and reaches 0.5 V 

with Cu content up to 2.73 wt. and Cr content up to 23.125 wt.. A reduc-
tion in the mean austenite grain diameter from 16.5 to 11 µm shifts Erep to 

the most negative side of 0.287 V. Additionally, when the Cu content exceeds 

2.73 wt. and Cr exceeds 23.125 wt., Erep shifts further by 0.265 and 0.23 

V, respectively. The hypothesis suggests that Cr forms dense oxide films, 

while Cu provides anodic protection to grain boundaries. The Ecor potential of 

the alloy shifts to the most negative side of 0.4557 V as the Cr content de-
creases from 22.215 down to 21.84 wt. and Mn decreases from 0.455 down 
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to 0.31 wt.. With carbon content below 0.053 wt., Ecor is of 0.41 V, while 

the precipitation of Cr and Mo carbides from the austenite solid solution 

causes only a slight shift in the negative direction. The most positive Ecor 

value (0.38 V) is achieved, when the mean austenite grain diameter exceeds 

15.5 µm. An increase in Ni content from 27.675 up to 27.730 wt. shifts Ecor 

in the negative side by 0.17 V, indicating that Ni has a stronger effect on Ecor 

compared to Cr and Cu. As found, a decrease in Cr, Mn, and Ni contents in the 

alloy accelerates general corrosion, but slows down crevice corrosion due to 

the redistribution of anodic currents. This trend is caused by the redistribu-
tion of anodic currents among a large number of dissolution centres of metal 
atoms in the alloy composition. The constructed mathematical models are 

recommended for enterprises, which produce plate-like heat exchangers from 

this alloy to use to select optimal melts in terms of chemical composition and 

structure, which will ensure maximum resistance of heat exchanger plates to 

crevice corrosion in the recycled waters of enterprises. 

Key words: 06KhN28MDT alloy, crevice corrosion, resistance to crevice cor-
rosion, repassivation potential, free corrosion potential. 

У статті розроблено математичні моделі на основі дерев реґресій для дос-
лідження взаємозв'язку між потенціялами репасивації (Erep), вільної ко-
розії (Ecor) стопу 06ХН28МДТ у хлоридовмісному середовищі, його хеміч-
ним складом і структурою. Встановлено, що Erep зсувається в позитивний 

бік зі збільшенням вмісту Cr і Cu. Зокрема, Erep зміщується на 192,4 мВ у 

діяпазоні вмісту Cr від 23,12 до 23,68 мас. і сягає 0,5 В за наявности Cu 

до 2,73 мас. і Cr до 23,125 мас.. Зменшення середнього діяметра зерна 

аустеніту від 16,5 до 11 мкм зміщує Erep до найвід'ємнішого значення у 

0,287 В. Водночас, за вмісту Cu  2,73 мас.% і Cr  23,125 мас. Erep зсу-
вається ще на 0,265 В і 0,23 В відповідно. Гіпотеза пояснює, що Cr формує 

щільні оксидні плівки, а Cu анодно захищає межі зерен. Потенціял Ecor 

стопу зсувається до максимально від'ємного значення у 0,4557 В зі зме-
ншенням вмісту Cr від 22,215 до 21,84 мас. і Mn від 0,455 до 0,31 мас.. 

За вмісту С менше 0,053 мас. Ecor становить 0,41 В, а випадіння карбі-
дів Cr і Mo лише незначно зміщує його у від'ємний бік. Найпозитивніше 

значення Ecor (0,38 В) досягається за середнього діяметра зерна аустеніту 

понад 15,5 мкм. Збільшення вмісту Ni від 27,675 до 27,730 мас. зсуває 

Ecor у від'ємний бік на 0,17 В, що свідчить про сильніший вплив Ni на Ecor 

порівняно з Cr і Cu. З'ясовано, що зменшення вмісту Cr, Mn та Ni у стопі 
пришвидшує загальну, але уповільнює щілинну корозію через перероз-
поділ анодних струмів. Таку тенденцію зумовлено перерозподілом анод-
них струмів між великою кількістю центрів розчинення атомів металів у 

складі стопу. Побудовані математичні моделі рекомендовано підприємст-
вам, які виробляють пластинчасті теплообмінники з цього стопу, застосо-
вувати для вибору оптимальних топлень за хемічним складом і структу-
рою, які забезпечать максимальний опір пластин теплообмінників щі-
линній корозії в оборотніх водах підприємств. 

Ключові слова: стоп 06ХН28МДТ, щілинна корозія, опір щілинній коро-
зії, потенціял репасивації, потенціял вільної корозії. 
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1. INTRODUCTION 

The design features of plate-like heat exchangers can contribute to 

crevice corrosion during their operation in the circulating systems of 

enterprises [1, 2]. In particular, work [2] recorded localized corrosion 

damage at the tops of corrugations between adjacent heat transfer 

plates, on their surfaces under the recycled water sediment, and at the 

ends of the groove for the rubber gasket. It is known [3, 4] that, under 

such conditions, chloride-containing media can be acidified due to the 

hydrolysis of corrosion products, accumulate chlorides, and locally 

increase the temperature. The authors of studies [59] found that the 

parameters of model-recycled waters, characterized by pH and chloride 

concentration, have the most intense effect on the pitting resistance of 

AISI 304 [5, 6], AISI 321 [7, 8] steels, and 06KhN28MDT alloy [9]. The 

effect of their structural heterogeneity on critical pitting tempera-
tures is half that of the media parameters, but higher than the chromi-
um content. Taking into account such dependences, some scientists 

[1014] propose protective coatings on the surface of heat transfer 

elements of heat exchangers to prevent their pitting and crevice corro-
sion in the recycled waters of enterprises. In particular, coatings based 

on composite [10, 11], polymeric [12, 13], and nanostructured films 

[14] are considered promising today, as they reliably prevent the con-
tact of passivated steels and alloys with chloride-containing media. 

This approach provides reliable protection of steels and alloys against 

local corrosion, but it is quite expensive and time-consuming. At the 

same time, papers [59] used a different approach to prevent such 

problems; in particular, they developed mathematical models that es-
tablish the relationship between the CPT of steels and alloys and their 

chemical composition, structure components, and parameters of mod-
el-recycled waters. This approach does not require additional re-
sources, and therefore is promising. Therefore, the article establishes 

the dependence between the limit potentials of the 06KhN28MDT alloy 

and its indicators in a gap with a chloride-containing medium present 

during the operation of plate-like heat exchangers. 

2. EXPERIMENTAL/THEORETICAL DETAILS 

In this paper, five industrial melts of 06KhN28MDT alloy (analogous 

to AISI 904L steel), which is used for the production of heat exchang-
ers, have been studied. 
 The chemical composition of the alloy has been previously deter-
mined [15] by chemical analytical and XRD methods using the SRM-25 

installation. It is given in Table 1. In this Table: x1—C, carbon content 

in steel, wt. ( 0.06); x2—Mn, manganese content in steel, wt. 
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(0.8); x3—Si, silicon content in steel, wt. (0.8); x4—Cr, chromium 

content in steel, wt. (22.00–25.00); x5—Ni, nickel content in steel, 

wt. (26.0029.00); x6—Ti, titanium content in steel, wt. (0.5–0.9); 

x7—Mo, molybdenum content in steel, wt. (2.5–3.0); x8—Cu, copper 

content in steel, wt. (2.5–3.5); x9—volume of titanium 

carbonitrides, vol. (0.0931–0.1918); x10—volume of titanium sul-
phides, vol. (0.0036–0.0091); x11—dg, mean austenite grain diame-
ter in the alloy, µm (11–31); Ecor is the free corrosion potential, V; Erep 

is the repassivation potential, V; Erep is the criterion, V. 
 The variances of deviation of the alloy components are: carbon 

0.002, silicon 0.004, manganese 0.01, chromium 0.02, nickel 
0.03, molybdenum 0.02, copper 0.02, titanium 0.02, phosphorus 

0.02, sulphur 0.003 [wt.]. The components of the structural het-
erogeneity of the 06HN28MDT alloy have been determined in [15]. 
 The resistance of 06KhN28MDT alloy to crevice corrosion was eval-
uated by the ultimate repassivation potentials Erep, free corrosion Ecor, 

and Erep by the criterion determined by the formula 

 Erep  Erep  Ecor. (1) 

 The alloy was considered to be resistant to crevice corrosion, if 

E  0.05 V [16]. The real values of the limit potentials Erep, Ecor, and 

E of the 06KhN28MDT alloy criterion are given in Table 1. The gen-
erated variable factors (x1, ..., x11) and output factors Ecor, Erep, and 

Erep are shown in Table 2. 
 Regression trees were used as the basis for constructing mathemati-
cal models (Tables 3, 4), which are the most popular method for solving 

many practical problems [17], since they automatically select informa-
tive features (the most important xi of the model). 
 The quality of the mathematical models of Tables 3, 4 was evaluated 

using the sum of squares of instantaneous mistakes [17]: 

TABLE 1. A real sample of dependences based on the results of the sample 

studies. 

Nos. alloy 

melts  
х1 х2 х3 х4 х5 х6 х7 х8 х9 х10 х11 

Ecor, 
V 

Erep, 
V 

E, 
V 

1 0.05 0.32 0.6 24.31 27.39 0.79 2.9 2.75 0.1711 0.0091 11 0.4 0.8 1.2 

2 0.067 0.46 0.57 22.68 27.65 0.59 2.78 2.68 0.1427 0.0036 24 0.43 0.5 0.93 

3 0.068 0.54 0.55 21.84 27.45 0.55 2.55 2.6 0.1918 0.0043 29 0.42 0.22 0.64 

4 0.048 0.57 0.62 22.67 27.73 0.67 2.56 2.53 0.1692 0.0043 31 0.4 0.55 0.95 

5 0.05 0.31 0.57 23.46 27.51 0.89 2.51 2.78 0.0931 0.0036 15 0.38 0.6 0.98 

min 0.048 0.31 0.55 21.84 27.39 0.55 2.51 2.53 0.0931 0.0036 11 0.5 0.1  

max 0.068 0.57 0.62 24.31 27.73 0.89 2.9 2.78 0.1918 0,0091 29 0.1 0.7  

multiplicity 0.001 0.01 0.01 0.01 0.01 0.01 0.01 0.01 0.0001 0,0001 1 0.01 0.01 0.01 



 PATTERNS OF THE RELATIONSHIP BETWEEN THE LIMIT POTENTIALS 811 

 
* 2

1

( )
S

S S

S

E y y


  . (2) 

The sum of the squared mistakes for the potential: Ecor  0.0027 V, 
Erep  0.2894 V; the standard deviation: Ecor  0.0001 V, Erep  0.0058 V. 

3. RESULTS AND DISCUSSION 

According to the results of the analysis of the constructed mathemati-
cal model (Table 2), which is based on the defined regression trees (Fig. 

1), the following trend was established, in particular, if the parameter 

of the 06KhN28MDT alloy x4(Cr)  23.055 wt., then, we move to node 

2, where, if x2(Mn)  0.455 wt., then we move to node 4, then, pro-
vided that x4(Cr)  22.215 wt., the free corrosion potential of the al-
loy Ecor is of 0.455714 V (node 3). It turns out that the most negative 

value of the potential Ecor of the alloy in the gap correlates with a low 

content of chromium and manganese within the standard for its pro-
duction (Table 1). It should be noted that under such conditions, the 

resistance of the studied alloy to crevice corrosion in the model chlo-

TABLE 2. Generated samples. 

S x1 x2 x3 x4 x5 x6 x7 x8 x9 x10 x11 Ecоr, V Erep, V 

1 0.05 0.32 0.60 24.31 27.39 0.79 2.90 2.75 0.1711 0.0091 11.00 0.40 0.80 

2 0.067 0.46 0.57 22.68 27.65 0.59 2.78 2.68 0.1427 0.0036 24.00 0.43 0.50 

3 0.068 0.54 0.55 21.84 27.45 0.55 2.55 2.60 0.1918 0.0043 29.00 0.42 0.22 

4 0.048 0.57 0.62 22.67 27.73 0.67 2.56 2.53 0.1692 0.0043 31.00 0.40 0.55 

5 0.05 0.31 0.57 23.46 27.51 0.89 2.51 2.78 0.0931 0.0036 15.00 0.38 0.60 

6 0.057 0.31 0.59 23.33 27.61 0.67 2.70 2.71 0.1807 0.0039 13.00 0.41 0.33 

7 0.061 0.51 0.62 22.15 27.51 0.78 2.66 2.75 0.1219 0.0043 23.00 0.43 0.32 

8 0.052 0.54 0.60 22.88 27.39 0.60 2.62 2.75 0.1524 0.0054 16.00 0.41 0.36 

9 0.057 0.54 0.61 23.09 27.60 0.79 2.52 2.67 0.0977 0.0059 19.00 0.39 0.54 

10 0.048 0.33 0.61 23.16 27.51 0.67 2.57 2.57 0.1277 0.0054 25.00 0.38 0.73 

40 0.055 0.43 0.58 23.52 27.58 0.77 2.70 2.63 0.1402 0.0040 18.00 0.40 0.65 

41 0.067 0.51 0.60 23.73 27.65 0.84 2.81 2.77 0.1041 0.0058 20.00 0.40 0.87 

42 0.053 0.32 0.60 23.63 27.44 0.60 2.78 2.63 0.1006 0.0059 14.00 0.40 0.73 

43 0.064 0.55 0.55 23.45 27.62 0.64 2.84 2.60 0.0958 0.0041 25.00 0.41 0.95 

44 0.062 0.51 0.59 23.88 27.40 0.69 2.61 2.65 0.1800 0.0051 22.00 0.37 0.85 

45 0.049 0.35 0.61 22.32 27.67 0.66 2.77 2.54 0.1656 0.0063 28.00 0.44 0.42 

46 0.054 0.41 0.56 24.22 27.54 0.5800 2.79 2.66 0.1255 0.0077 26.00 0.37 1.22 

47 0.053 0.45 0.58 22.23 27.59 0.87 2.55 2.75 0.1474 0.0060 14.00 0.43 0.03 

48 0.053 0.43 0.59 22.72 27.65 0.85 2.80 2.63 0.1527 0.0071 13.00 0.45 0.18 

49 0.058 0.39 0.59 24.17 27.54 0.56 2.87 2.76 0.1285 0.0050 25.00 0.39 1.19 

50 0.058 0.46 0.60 22.07 27.69 0.87 2.55 2.74 0.1829 0.0037 20.00 0.43 0.02 
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ride-containing media increases as its E criterion, which was deter-
mined by Eq. (1), increases [16]. This is due to the fact that the lower 

the potential Ecor of the alloy, the easier it is to give up electrons, con-
tributing to the ionization of metals in its composition at the anode 

sites. Under such conditions, the density of anode currents in them 

decreases due to their redistribution among a larger number of anode 

sites. This is consistent with the information presented in Refs. [18, 

19]. This tendency ‘slows down’ the transformation of metastable local 
corrosion damage into stable damage.  
 A decrease in the content of manganese, as a surface-active chemical 
element, most likely contributes to the depletion of the oxide film on 

the surface of the 06HN28MDT alloy by chromium, which leads to a 

shift its potential Ecor to the negative side. Our hypothesis is based on 

the information that Mn and Cu contribute to the formation of a pas-
sive film enriched in chromium [20]. 
 From the analysis of the mathematical model (Table 3), it follows 

that, if the chromium content in the alloy under study x4(Cr)  23.055 

V, then, its potential Ecor shifts to a positive side to 0.4126 V (item 1, 

Table 3). However, provided that x5(Ni)  27.57 wt. (item 3, Table 3), 

and x11[dg]  14.5 µm (item 6, Table 3), its potential Ecor is of 0.4 V 

(item 12, Table 3). These dependences between the potential Ecor of 

TABLE 3. Mathematical model that establishes the relationship between the 

corrosion potential Ecor of 06KhN28MDT alloy and its chemical composition 

and structure components, based on regression trees. 

Item 

No. 
Dependences 

1 if x4 23.055 then node 2 else; if x4 23.055 then node 3 else 0.4126 

2 if x4 23.055 then node 2 else; if x4 23.055 then node 3 else 0.4126 

3 if x5 27.575 then node 6 else; if x5 27.575 then node 7 else 0.38875 

4 if x4 22.215 then node 8 else; if x4 22.215 then node 9 else 0.444 

5 if x10.053 then node 10 else; if x1 0.053 then node 11 else 0.421818 

6 if x1114.5 then node 12 else; if x11 14.5 then node 13 else 0.379286 

7 if x527.675 then node 14 else; if x5 27.675 then node 15 else 0.402 

8 fit  0.455714  

9 fit  0.43375 

10 fit  0.41 

11 fit  0.42625 

12 fit  0.4 

13 if x8 2.755 then node 16 else; if x8 2.755 then node 17 else 0.375833 

14 fit  0.3975 

15 fit  0.42 

16 fit  0.37125 

17 fit 0.385 
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06KhN28MDT alloy in a gap with a model chloride-containing medium 

and the content of nickel in it and the size of the austenite grain show 

that the smaller they are, the more positive it is. Under such condi-
tions, the ionization of metals in its composition that are in contact 

with the medium becomes more difficult. At the same time, it should 

be noted that the finer the grain of the alloy austenite, the lower the 

degree of incoherence between adjacent crystal-lattice atoms, and the 

higher the resistance of metal atoms located at the grain boundaries to 

ionization when in contact with a chloride-containing medium. This 

helps to increase the potential Ecor of the alloy and reduce its resistance 

to crevice corrosion in a chloride-containing media. 
 The influence of nickel on the resistance of 06HN28MDT alloy to 

crevice corrosion in a chloride-containing media cannot be assessed 

only by the above dependences (Ecor–Ni content). After all, in Ref. [21], 

it was found that steel consisting of 21 wt. Cr, 6 wt. Ni, and 2 wt. 

Mo has high pitting resistance in chloride-containing media because of 

its pitting potential Epit is of 0.56 V. However, in 0Kh21N5T steel, it is 

equal to 0.428 V, which is due to the absence of molybdenum and a de-
crease in nickel content by 0.7 wt.. 
 A further decrease in nickel content to 3.2 wt. accelerates the shift 

of the potential to the negative side. In addition, the role of nickel in 

TABLE 4. Mathematical model that establishes the relationship between the 

repassivation potential Erep of 06KhN28MDT alloy and its chemical composi-
tion and structure components based on regression trees. 

Item 

No. 
Dependences 

1 if x4 23.43 then node 2 else; if x4 23.43 then node 3 else 0.5538  

2 if x4 22.315 then node 4 else; if x4 22.315 then node 5 else 0.336774 

3 if x11 22.5 then node 6 else; if x11 22.5 then node 7 else 0.907895 

4 if x11 22 then node 8 else; if x11 22 then node 9 else 0.150769 

5 if x11 16.5 then node 10 else; if x11 16.5 then node 11 else 0.471111 

6 if x4 23.68 then node 12 else; if x4 23.68 then node 13 else 0.786364 

7 fit  1.075 

8 fit  0.07875 

9 fit  0.266 

10 fit  0.286667 

11 if x8 2.73 then node 14 else; if x8 2.73 then node 15 else 0.563333 

12 fit  0.6725 

13 fit  0.851429 

14 if x4 23.125 then node 16 else; if x4 23.125 then node 17 else 0.523 

15 fit  0.765 

16 fit  0.5 

17 fit  0.73 
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the pitting resistance of stainless steels is evidenced by the higher val-
ue of the potential Epit (0.23V) of Kh14Mn14N3Т steel at its content of 

3.1 wt., than Kh17АMn14 with higher chromium content. At the 

same time, it should be noted that the pitting resistance of the stain-
less steel 12Kh18N10Т in chloride-containing media is much higher 

than that of these steels. This information shows that a decrease in the 

chromium content in steels reduces their pitting resistance more in-
tensively than that of nickel, even in the presence of a two-phase struc-
ture [21, 22]. 
 It should be noted that the mechanisms of pitting and crevice corro-
sion of stainless steels and alloys in chloride-containing media are very 

similar, so, the effect of nickel on their limit potentials is likely to be 

the same. Obviously, it is not associated with compensating for the 

negative effect of MnS inclusions on the pitting resistance of the alloy, 
as is believed in Refs. [23, 24] for the chromium-nickel-molybdenum 

steel 13Kh17N11M3, since only carbonitrides (Fig. 2) and titanium 

sulphides (Fig. 3), which are even insoluble in solutions of many acids, 
have been recorded in the 06KhN28MDT alloy [25]. However, the po-
tential Ecor of the 06KhN28MDT alloy depends on the chromium con-
tent in the alloy and its grain size. 
 After all, from the analysis of items 1, 3, 6, 12 of the mathematical 
model (Table 3), it was found that the potential Ecor of the 

06KhN28MDT alloy shifts by 0.0126 V in the positive direction if the 

chromium content in it is more than 23.055 wt., nickel less than 

27.575 wt., provided that the mean austenite grain diameter is less 

than 14.5 µm. It was found that the potential Ecor of the studied alloy 

shifts to the negative side to 0.434615 V with an increase in the man-

 

Fig. 1. Regression tree showing the relationship between the free corrosion 

potential Ecor of 06KhN28MDT alloy in a gap with a chloride-containing solu-
tion and its chemical composition and structural components. 



 PATTERNS OF THE RELATIONSHIP BETWEEN THE LIMIT POTENTIALS 815 

ganese content from 0.455 up to 0.57 wt. (item 2 of Table 3). 
 However, under the same conditions, when the carbon content (x1)) 

less than 0.053 wt., its potential Ecor is of 0.41 V (items 5, 10 of Ta-
ble 3). Thus, it can be noted that the potential Ecor of the alloy under 

 

Fig. 2. Titanium carbonitrides in alloy 06HN28MDT (550). 

 

Fig. 3. Titanium sulphides and carbonitrides in 06HN28MDT alloy (550). 



816 A. V. DZHUS, O. E. NARIVSKYI, S. O. SUBBOTIN, G. V. SNIZHNYI, and T. V. PULINA 

study shifts to the positive side by 0.0246 V (see items 1, 10 of Table 

3), which reduces the rate of general corrosion but increases the proba-
bility of crevice corrosion. The mechanisms of this process were men-
tioned above. In addition, at such carbon content in the alloy, accord-
ing to Ref. [25], it is almost completely dissolved in the austenite solid 

solution. Under such conditions, the length of the boundaries of inclu-
sions with the austenitic matrix decreases due to a decrease in the vol-
ume of the carbide phase in the vicinity of titanium nitrides and a de-
crease in the total length of the boundaries of austenite grains and in-
clusions with its solid solution.  
 From the analysis of the mathematical model (item 3 of Table 3), it 

was found that if the nickel content (x5) in the alloy is greater than or 

equal to 27.575 wt., then, its potential Ecor is of 0.38878 V. Conse-
quently, under such conditions, it has practically the most positive 

value, which contributes to a decrease in E criterion of the alloy and 

its resistance to crevice corrosion. This is due to the fact that the criti-
cal passivation potential of Ni (0.15 V) is much more negative than 

that of Fe (0.46 V) [26]. However, when the nickel content in the alloy 

under study is less than 27.675 wt. (item 7 of Table 3), its potential 
Ecor is of 0.3975 V (item 14 of Table 3). These dependences indicate 

that the corrosion potential Ecor of the 06KhN28MDT alloy is of about 

0.39 V, when the nickel content in it varies in the range from 27.575 

up to 27.675 wt.. It has been recorded that chromium contributes to 

the shift of the potential Ecor of the studied alloy in the negative direc-
tion to 0.444 V (item 4 of Table 3). However, according to the infor-
mation (items 4, 9 of Table 3), under some conditions it can have a 

slightly more positive value (Ecor  0.43375 V). Thus, according to the 

results of data analysis (items 4, 9 of Table 3), it turns out that the cor-
rosion potential Ecor of 06KhN28MDT alloy has the most negative val-
ue when the chromium content in it is higher than 22.215 wt.. This is 

due to the fact that under such conditions, according to Gerasimov 

[27], the surface of the alloy is covered with a monolayer of chromium 

atoms. It is known [26] that the critical passivation potential of chro-
mium is even more negative (0.35 V) than that of molybdenum 

(0.20 V) and titanium (0.25 V). This tendency contributes to the fact 

that the E criterion of the 06KhN28MDT alloy increases, since its 

corrosion potential Ecor shifts significantly to the negative side when it 

contains more than 22.215 wt. chromium. The mechanisms of in-
creasing the resistance of the studied alloy to crevice corrosion in a 

chloride-containing media under the condition of a negative shift in 

the potential Ecor were mentioned above.  
 It was mentioned above (item 2 of Table 3) that the potential Ecor of 

the 06KhN28MDT alloy was 0.434615 V, if the manganese content in 

it was less than 0.455 wt., or 0.41 V, provided that x1(C)  0.053 

wt. (items 5, 10 of Table 3). However, with an increase in the carbon 
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content in the alloy above 0.053 wt., a shift of its corrosion potential 
Ecor in the negative direction to 0.421818 V (item 5 of Table 3) or to 

0.42625 V (item 11 of Table 3) has been recorded. This tendency is 

most likely due to the fact that manganese increases the solubility of 

carbon in the solid solution of austenite of 06KhN28MDT alloy, since 

there is information that it and chromium [28] thus affect the solubili-
ty of nitrogen, which, like carbon, is a chemical element of the intro-
duction in the crystal lattice of a solid solution of austenite of stainless 

steels and alloys. This contributes to the growth of its parameters and, 
obviously, facilitates the ionization of chromium atoms on the surface 

of the 06KhN28MDT alloy. Under such conditions, the released elec-
trons accumulate on its surface, shifting the free corrosion potential 
Ecor to the negative side. This contributes to an increase in the E crite-
rion of the studied alloy in a crevice with a chloride-containing medi-
um and, taking into account information from [16], increases its re-
sistance to crevice corrosion. 
 It was mentioned above that the free corrosion potential Ecor of the 

06KhN28MDT alloy in the gap with a model chloride-containing medi-
um was 0.4 V (see item 12 of Table 3) if its mean austenite grain diam-
eter (х11) was less than 11.4 µm (item 6 of Table 3). However, with its 

growth over 14.5 µm, a shift in the potential Ecor of the alloy to the pos-
itive side to 0.379286 V has been recorded (item 6 of Table 3). This 

corrosion behaviour of the studied alloy in a chloride-containing medi-
um is due to the segregation of copper, as a surface-active chemical 
element, by the boundaries of austenite grains. Indeed, from the analy-
sis of the dependences, it was found that, if x11[dg]  14.5 µm (item 6 of 

Table 3), then, provided x8(Cu)  2.755 wt. (item 11 of Table 3), the 

potential Ecor of the 06KhN28MDT alloy is of 0.37125 V (item 16 of 

Table 3). At the same time, if the copper content in the alloy was higher 

than 2.765 wt., it ranged from 0.375833 (item 13 of Table 3) to 

0.385 V (item 17 of Table 3). Thus, summarizing this information, it 

should be noted that the potential Ecor of the 06KhN28MDT alloy shifts 

to the negative side by 9.2 mV with an increase in its copper content 

from 2.755 up to 2.78 wt. (melt 2 of Table 1). At the same time, it 

shifts in the same direction by 20.7 mV with an increase in the mean 

austenite grain diameter from 14.5 up to 31 µm (item 6 of Table 3). 

Thus, it can be noted that the effect of the mean austenite grain diame-
ter of the 06KhN28MDT alloy on its potential Ecor is more than twice as 

great as the copper content. However, in general, the higher the copper 

content in the alloy and its mean austenite grain diameter, the more 

negative the value of the Ecor potential. This positively affects the alloy 

resistance to crevice corrosion in a chloride-containing media by the 

above mechanisms. 
 It was mentioned above about the effect of nickel in the composition 

of the 06KhN28MDT alloy on its corrosion potential Ecor in a gap with a 
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chloride-containing medium (item 3 of Table 3). In particular, it was 

found that it is of 0.4 V (item 12 of Table 3), when the nickel content 

in the alloy is less than 27.575 wt., and the mean austenite grain di-
ameter is of 14.5 µm. It should be noted that the potential Ecor of the 

studied alloy shifts to the negative side to 0.379286 V (item 6 of Table 

3) with an increase in the mean austenite grain diameter (x11) from 

14.5 up to 31 µm and to 0.402 V (item 7 of Table 3) or 0.42 V (item 15 

of Table 3) with an increase in the nickel content from 27.675 up to 

27.75 wt. (Table 1). Under such conditions, the potential Ecor of the 

06KhN28MDT alloy shifts in the negative direction by 20.7 mV with 

an increase in the mean austenite grain diameter by 16.5 µm (items 6, 

12 of Table 3) and by 4.5 (item 7 of Table 3) or 22.5 V (item 15 of Table 

3) in the positive direction with an increase in its nickel content by 

0.055 wt.. Thus, it turns out that nickel has a much stronger effect 

on the potential Ecor of the 06KhN28MDT alloy in the gap than the 

mean austenite grain diameter. At the same time, it should be noted 

that the joint effect of these alloy parameters on its Ecor potential is 

manifested when x5(Ni)  27.575 wt. (items 3, 6 of Table 3), since it 

shifts to the negative side by 20.7 mV with an increase in the mean aus-
tenite grain diameter from 14.5 up to 31 µm.  
 Summarizing the above, it can be noted that the corrosion potential 
Ecor of 06KhN28MDT alloy in a crevice with a chloride-containing solu-
tion depends on the content of chromium, manganese, nickel, carbon, 

copper, and the mean diameter of the austenite grain. In particular, 
the synergistic effect of chromium and manganese on this potential 
was revealed, since it has a maximum negative value (0.455714 V), 

when the chromium content is less than 22.215 wt., and manganese 

0.455 wt.. This contributes to the growth of the E criterion of the 

alloy and its resistance to crevice corrosion. At the same time, it was 

found that the potential Ecor of the studied alloy decreases to 0.4126 V 

when the chromium content in it is greater than 23.055 wt.. This is 

due to the difficulty of ionization of metal atoms in the alloy, since its 

surface consists of a monolayer of chromium atoms that form a dense 

passive film.  
 In addition, with such chromium content in the alloy, provided that 

the nickel content is less than 27.575 wt. and the mean austenite 

grain diameter is of 14.5 µm, its potential Ecor is further shifted to the 

positive side to 0.4 V. This leads to a decrease in the E criterion of 

the 06KhN28MDT alloy and its resistance to crevice corrosion. This 

tendency is due to the fact that at the minimum austenite grain diame-
ter in the alloy, the lowest degree of incoherence between the atoms of 

adjacent crystal lattices is recorded at its boundaries, which compli-
cates the ionization of metal atoms in these areas of the alloy. Mean-
while, the less nickel in the alloy than the above-mentioned amount, 

the more positive the value of the potential Ecor, since the lower the 
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nickel content in it, the more iron, whose critical ionization potential 
(0.46 V) is more than three times more positive than that of nickel 
(0.15 V). At the same time, it was found that the larger the mean 

grain diameter of the austenite of the 06KhN28MDT alloy is over 14.5 

µm, the more positive the value of its corrosion potential Ecor. At the 

same time, it is of 13.8 mV more positive when the copper content in 

the alloy is less than 2.755 wt.. This is most likely due to the fact that 

copper, as a surface-active chemical element, can segregate at the 

grain boundaries of austenite, which increases the potential gradient 

between the austenite solid solution and its grain boundaries, promot-
ing the ionization of metal atoms and the accumulation of electrons on 

the alloy surface. 
 The analysis (Fig. 4) showed that the repassivation potential Erep of 

the 06KhN28MDT alloy, which is characterized by its ability to restore 

protective passive films in local corrosion damage, depends on the con-
tent of chromium (x4), copper (x8), and the mean austenite grain diam-
eter (x11). It should be noted that, unlike the corrosion potential Ecor of 

the alloy under study, it does not depend on the content of manganese 

and nickel, which, as established above, significantly affect the ability 

of metal atoms in its composition to ionize. 
 From the analysis of the mathematical model (Table 4), it follows 

 

Fig. 4. Regression tree showing the relationship between the repassivation 

potential Erep of 06KhN28MDT alloy in a gap with a chloride-containing solu-
tion and its chemical composition and structure components. 
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that if x4(Cr)  23.43 wt. (item 1 of Table 4), then, it is necessary to 

consider the dependences when x4(Cr)  22.315 wt. and x11[dg]  22 

µm (items 2, 4 of Table 4). Under such conditions, the repassivation 

potential Erep of the 06KhN28MDT alloy in the gap will be 0.07875 V 

(item 8 of Table 4). However, if the chromium content in the studied 

alloy is greater than or equal to 23.43 wt., then it shifts intensively 

towards the positive side to 0.5538 V (item 1 of Table 4). This contrib-
utes to an increase in the E criterion of the 06KhN28MDT alloy (see 

Eq. (1)) and its resistance to crevice corrosion in a chloride-containing 

media. 
 It should be noted that, as established above, the corrosion potential 
Ecor of the studied alloy does not significantly shift to the positive side 

with an increase in its chromium content in this interval (Tables 3, 4). 

This trend suggests that chromium helps to reduce the intensity of 

general corrosion. Taking into account the intensity of chromium’s 

influence on these potentials, we can note the positive role of chromi-
um in the alloy resistance to crevice corrosion in a chloride-containing 

media. This is consistent with the information presented in Refs. [59, 

2731] about the effectiveness of alloying stainless steels and alloys 

with chromium to increase their resistance to local corrosion. 
 The analysis of the developed mathematical model (items 2, 5, 10 of 

Table 4) showed that the effect of chromium (x4) on the repassivation 

potential Erep of 06KhN28MDT alloy is closely related to the mean aus-
tenite grain diameter (x11). In particular, it was found that it is 

0.336774 V, when the chromium content (x4) is greater than or equal to 

22.315 wt. (item 2 of Table 4). It should be noted that under such 

conditions, the repassivation potential Erep of the studied alloy is 0.217 

V more negative than when the chromium (x4) content is greater than 

or equal to 23.43 wt. (items 1, 2 of Table 4). This shows that even the 

chromium (x4) content in the alloy in this interval itself significantly 

affects its Erep potential. At the same time, it was found that at such a 

chromium content in the alloy (x4  22.315 wt.; item 2 of Table 4), 
when the mean austenite grain diameter (x11) is less than 16.5 µm (see 

item 5 of Table 4), its Erep potential is even lower and amounts to 

0.286667 V (item 10 of Table 4). This proves that the grain boundaries 

strongly affect the potential Erep of the 06KhN28MDT alloy in a chlo-
ride-containing medium, shifting it to the negative side. This compli-
cates the repassivation of local corrosion damage to the alloy in the gap 

with a chloride-containing media, which is associated with structural 
defects at the austenite grain boundaries. It should be noted that even 

at the maximum chromium content in the alloy under study within the 

production standard (Table 1), the effect of the mean austenite grain 

diameter on the repassivation potential Erep is stronger than the chro-
mium content. This generalization is confirmed by the identified de-
pendences between these indicators. In particular, it was recorded that 
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the repassivation potential Erep of the 06KhN28MDT alloy is 0.6725 V 

(item 12 of Table 4), if the mean austenite grain diameter (x11) is less 

than 22.5 µm (item 3 of Table 4) and the chromium content is of 23.68 

wt. (item 6 of Table 4). At the same time, it becomes very positive 

(0.907895 V, item 3 of Table 3), when the mean austenite grain diame-
ter (x11) of the alloy under study is greater than or equal to 22.5 µm. 
This once again proves that defects in the alloy structure along the 

austenite grain boundaries have a stronger effect on its potential Erep 

in a gap with a chloride-containing medium than the ability of chromi-
um to form passive films on the surface of local damage on it. After all, 

it was also found that under such conditions (x11  22.5 µm, item 3 of 

Table 4), the repassivation potential Erep of the 06KhN28MDT alloy is 

1.075 V (item 7 of Table 4). However, even a slight decrease in the 

mean austenite grain diameter by 0.5 µm (x11)  22 µm (item 4 of Table 

4) can lead to a very intense shift in the potential Erep of the alloy in the 

positive direction from 0.10266 V (item 9 of Table 4) to 0.150769 V 

(item 4 of Table 4). The influence of the mean austenite grain diameter 

(x11) and chromium content (x4) in the alloy 06HN28MDT on its Erep 

potential in a gap with a chloride-containing medium was mentioned 

above. At the same time, the analysis of the developed mathematical 
model (Fig. 4) showed that this structure indicator (x11) of the alloy 

and its copper content also affect its ability to repassivate local corro-
sion damage in the gap. In particular, it was found that the re-
passivation potential Erep of the 06KhN28MDT alloy in the crevice is 

0.471111 V (item 5 of Table 4), when its mean austenite grain diameter 

(x11) is greater than or equal to 16.5 µm. At the same time, it was found 

that it does not significantly shift to the positive side up to 0.5 V (item 

16 of Table 4), if the copper content (x8) is less than 2.73 wt. (see item 

11 of Table 4) and chromium 23.125 wt. (item 14 of Table 4). Thus, 
taking into account the dependence between the potential Erep and the 

content of chromium, copper, and the mean grain diameter of austen-
ite, when it is in the range from 16.5 up to 22.5 µm, and the content of 

copper and chromium is less than the mentioned values, it can be noted 

that these indicators do not greatly affect it. At the same time, it was 

found that the potential Erep of the studied alloy varies from 0.786364 

(item 6 of Table 4) to 0.851429 V (item 13 Table 4), if the chromium 

content (x4) in it is greater than 23.68 wt. (item 6 of Table 4) and 

from 0.563333 (item 11 of Table 4) to 0.765 V (item 15 of Table 4), if 

the copper content (x8) is greater than 2.73 wt. (item 11 of Table 4). It 

should be noted that at such a content of chromium and copper in the 

06KhN28MDT alloy, the effect of chromium on its repassivation po-
tential is by 1.23 times more significant than that of copper. This may 

be due to the fact that copper contributes to the enrichment of the pas-
sive oxide film with chromium in local corrosion damage [32]. 
 According to the results of the analysis of dependences (item 4 of 
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Table 4), it was found that the repassivation potential Erep of the 

06KhN28MDT alloy in a gap with a chloride-containing medium varies 

in the range from 0.523 to 0.73 V, if the chromium content in it is 

greater than or equal to 23.121 wt.. At the same time, as mentioned 

above (items 6, 13 of Table 4), it varies in the range from 0.786364 to 

0.851429 V if the chromium content is greater than 23.68 wt.. Thus, 
it can be noted that the potential Erep of the 06KhN28MDT alloy shifts 

rapidly towards the positive side by 192.4 mV with an increase in its 

chromium content from 23.125 up to 23.68 wt.. This leads to an in-
crease in the alloy resistance to crevice corrosion in a chloride-
containing media. 
 Summarizing the above, it can be noted that the repassivation po-
tential Erep of the 06KhN28MDT alloy in a gap with a model chloride-
containing medium depends on the content of chromium, copper, and 

the mean diameter of the austenite grain. It was found that it shifts to 

the positive side with an increase in the content of chromium and cop-
per. The effect of chromium on the potential Erep of the alloy is strong-
er than that of copper. In addition, it is manifested by the most intense 

shift of the Erep potential in the positive direction by 192.4 mV with an 

increase in the chromium content from 23.121 up to 23.68 wt.. Un-
der such conditions, it most effectively contributes to the reparation of 

local corrosion damage on the alloy surface in the gap, forming dense 

oxide films with a minimum number of pores [33, 34], where chloride 

ions can adsorb from the media and contact the alloy. Copper is known 

[32] to contribute to the enrichment of oxide films with chromium. It 

was found that the potential Erep of the 06KhN28MDT alloy has almost 

the most negative value of 0.286667 V, if the mean austenite grain 

diameter is less than 16.5 µm. It has been found that under such condi-
tions it shifts to the positive side to 0.765 V, if the copper content is 

less than 2.73 wt., and to 0.73 V, if the chromium content is less than 

23.125 wt.. 
 It has been established that the corrosion potential Ecor of 

06KhN28MDT alloy depends on the content of Cr, Mn, Ni, Cu, and the 

mean austenite grain diameter. In particular, it has been recorded that 

it has the most negative value of 0.455714 V, if the content of chro-
mium and manganese is less than 22.215 and 0.455 wt., respectively. 
This shows that the surface of the alloy accumulates electrons due to 

more intense ionization of metals at the anode areas. Under such con-
ditions, the oxide films on the alloy surface are less dense due to a de-
crease in its chromium content. Under such conditions, the general 
corrosion is accelerated, but local corrosion is ‘slowed down’ due to the 

redistribution of the anode current density between a larger numbers 

of anode metal dissolution places on its surface. It was found that the 

potential Ecor of the alloy shifts to the positive side to 0.41 V, if the 

carbon content in it is less than 0.053 wt., i.e., it is dissolved in a solid 
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solution of austenite. When carbides precipitate from the alloy’s aus-
tenite solid solution, a slight shift of Ecor to the negative side has been 

recorded. It has been found that the potential Ecor of the alloy has the 

most positive value of 0.3 V, if the mean austenite grain diameter is 

greater than 15.5 µm. This contributes to a decrease in the E criterion 

of the 06KhN28MDT alloy and its resistance to crevice corrosion. It 

was found that the potential Ecor of the alloy significantly shifts to the 

negative side ( 0.17 V), if the nickel content in it is more than 27.675 

wt.. This trend improves the alloy resistance to crevice corrosion in a 

chloride-containing media. This is consistent with the information in 

Ref. [21]. 

4. CONCLUSION 

Based on the results of the analysis of mathematical models developed 

on the basis of regression trees, it was found that the repassivation 

potential Erep of the 06KhN28MDT alloy in the gap with a model chlo-
ride-containing medium intensively shifts to the positive side by 192.4 

mV with an increase in its chromium content from 23.12 up to 23.68 

wt.. This leads to an increase in the E-criterion of the alloy and its 

resistance to crevice corrosion due to the formation of a dense chromi-
um-containing oxide film. It has been found that the potential Erep of 

the alloy has the most negative value of 0.287 V, if the mean austenite 

grain diameter is less than 16.5 µm. It was found that under such con-
ditions, the potential Erep of the alloy shifts to a positive value of 0.5 V 

if the content of copper and chromium in it is less than 2.73 and 23.125 

wt., respectively. It is recorded that this potential shifts further in 

the positive direction to 0.765 and 0.73 V, if the content of copper and 

chromium in the alloy is more than 2.73 and 23.125 wt., respective-
ly. It is shown that, under such conditions, the effect of copper on the 

potential Erep is of 0.035 V stronger than that of chromium. This is 

most likely due to the fact that copper contributes to the enrichment of 

the passive oxide film on the surface of the 06KhN28MDT alloy with 

chromium, which increases its resistance to crevice corrosion. It has 

been established that the corrosion potential Ecor of the alloy has the 

most negative value of 0.4557 V, if the content of chromium and 

manganese in it is less than 22.215 and 0.455 wt., respectively. This 

contributes to the accumulation of electrons on the alloy surface due to 

the intensification of general corrosion, which leads to a decrease in 

the probability of crevice corrosion in a chloride-containing media. It 

has been shown that the precipitation of carbides (Cr, Mo) from austen-
ite solid solution at a carbon content of more than 0.053 wt. contrib-
utes to a slight shift of the Ecor potential to the negative side. It is 

proved that the potential Ecor of the alloy has the most positive value 

0.38 V, if the mean austenite grain diameter is greater than 15.5 
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µm, regardless of the copper content. It was found that this potential 
shifts to the negative side by 0.17 V, if the nickel content in the alloy 

is more than 27.675 wt.. This leads to an increase in the alloy re-
sistance to crevice corrosion. 
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ventional manufacturing methods. The laser powder bed fusion (LPBF) pro-
cess is used for manufacturing superalloy components. Post-processing 

methods are required to improve the surface integrity, because LPBF parts 

with complex geometries suffer from various defects located both on the sur-
face and near-surface layers. Today, post-processing methods are being de-
veloped to improve surface integrity in LPBF-produced parts. In this work, 
magnetic needle finishing (MNF) is applied for surface post-processing of 

Inconel 718 superalloy manufactured via LPBF. The effects of magnetic nee-
dle finishing under optimised conditions on surface morphology, functional 
relief performance, microstructure, and hardness are investigated. The re-
sults indicate that the surface integrity of the LPBF-manufactured 718 alloy 

is improved by generating a smoothed surface microrelief with a strain-
hardened subsurface layer (the macrohardness increased from ≅ 32 HRC10 to 

≅ 39 HRC10) through the high-energy MNF post-processing. Reducing and 

levelling the amplitude parameters (the Ra parameter is decreased from 

≅ 4.0 µm to ≅ 2.0 µm) of microirregularities in the MNF-finished Inconel-
alloy samples due to the multiple-angle impact of magnetic pins resulted in a 

redistribution of surface load, which is favourable for the functional perfor-
mance of the LPBF-produced parts. A decrease in crystallite size as well as an 

increase in lattice strain and dislocation density due to the surface plastic 

deformation of the near-surface layer are confirmed. 

Key words: magnetic finishing, Inconel 718, laser powder bed fusion, post-
processing, surface integrity, functional relief performance, microstructure. 

Ніклеві суперстопи з поліпшеними експлуатаційними властивостями є 

ключовими матеріялами для виробництва критично важливих деталів, 
від яких залежить безпека. Адитивне виробництво відкриває новий спо-
сіб виготовлення відповідальних деталів, уможливлюючи одержання 

конструкцій із суперстопів складної форми, створення яких є неможли-
вим класичними методами оброблення. Для виготовлення деталів із супе-
рстопів застосовується процес лазерного пошарового стоплення порошку 

(ЛПСП). Однак вироби складної геометрії, виготовлені методою ЛПСП, 
мають різноманітні дефекти, розташовані як безпосередньо на поверхні, 
так і в приповерхневих шарах, що зумовлює необхідність застосування 

методів постоброблення для поліпшення цілісности поверхні. Сьогодні 
активно розробляються нові методи поверхневого фінішного оброблення 

деталів, виготовлених методою ЛПСП. У цій роботі для фінішного посто-
броблення поверхні суперстопу Інконель 718, виготовленого методою 

ЛПСП, було застосовано магнетне фінішне оброблення (МФО). Дослідже-
но вплив МФО за оптимізованих режимів на морфологію поверхні, функ-
ціональні характеристики рельєфу, мікроструктуру та твердість. Резуль-
тати свідчать, що цілісність поверхні виробленого за ЛПСП-технологією 

стопу 718 було поліпшено за рахунок формування згладженого мікроре-
льєфу поверхні та деформаційного зміцнення поверхневого шару (макро-
твердість збільшилася від ≅ 32 HRC10 до ≅ 39 HRC10) під дією високоенер-
гетичного МФО. Зменшення та вирівнювання амплітудних параметрів 

мікронеоднорідностей (параметер Ra зменшився від ≅ 4,0 мкм до ≅ 2,0 

мкм) у зразках стопу Інконель 718 після МФО внаслідок багатовекторно-
го ударного впливу магнетних штифтів привели до перерозподілу поверх-



MAGNETIC POST-PROCESSING OF ADDITIVELY-MANUFACTURED INCONEL 718 829 

невого навантаження, що є сприятливим чинником для функціональних 

характеристик ЛПСП-деталів. Унаслідок поверхневої пластичної дефор-
мації підтверджено зменшення розміру кристалітів і збільшення дефор-
мації ґратниці та густини дислокацій у поверхневому шарі. 

Ключові слова: магнетне фінішне оброблення, Інконель 718, лазерне по-
шарове стоплення порошку, постоброблення, поверхнева цілісність, фун-
кціональні характеристики рельєфу, мікроструктура. 

(Received July 09, 2026; in final version, September 08, 2026) 
  

1. INTRODUCTION 

Laser powder bed fusion (LPBF) technology is one of the advanced ad-
ditive manufacturing methods for producing complexly shaped nickel-
based superalloy components [1, 2]. The metal powder layer of a certain 

thickness is selectively melted via a moving laser beam, generating a 

layered 3D object. As compared to the LPBF process [1, 3–5], an over-
blown metal powder or metal wire at the direct energy deposition pro-
cess is placed in a specific place and melted by means of a high-energy 

laser beam [6–8]. The advanced LPBF 3D printing process offers a new 

alternative way for manufacturing small-size metallic components 

with complex geometries. The LPBF technology is a very valuable ap-
proach for additive manufacturing heat-resistant alloy (Inconel) prod-
ucts [1, 3, 9–12]. 
 Surface integrity improvement in the nickel-based superalloy parts 

produced by the LPBF technique is a crucial issue in the additive manu-
facturing routes. On the one hand, the application of specific heat post-
treatments needs to eliminate microstructural anisotropy, improving 

the mechanical properties [10, 13–15]. On the other hand, surface mod-
ification treatments should be applied in combination with thermal 
post-treatments to improve the surface and structural integrity in 

nickel-based superalloys [4, 10, 14, 15–17]. Currently, various conven-
tional mechanical and chemical surface post-treatment methods are 

applied to reduce the surface roughness and enhance the mechanical 
properties of Inconel alloys. Barrel/vibratory finishing [18, 19] and 

abrasive finishing [4, 10, 20–22] have been used for the surface post-
processing of additively manufactured metal parts. The use of laser 

polishing is another non-abrasive approach for the significant im-
provement of surface roughness [23]. Laser shock peening [17, 24], cav-
itation peening [25], and ultrasonic-based surface finishing [14, 17, 
26–29] were also applied, aiming to induce nanostructuring and com-
pressive stresses. The mechanical surface post-treatment by ultrasonic 

tools is one of the most effective approaches to enhance the surface in-
tegrity and properties in the near-surface layers of 3D-produced Ni-
based alloy parts. At the same time, ultrasonic methods are limited for 
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surface finishing of complexly shaped and/or small-size geometries 

compared to abrasive finishing methods. Magnetic-assisted surface 

finishing, chemical and electrochemical surface modification (polish-
ing) are more flexible processes, which are applied for post-treatment 

of metal parts with complex geometries manufactured via LPBF. 
 Nowadays, magnetically driven surface finishing methods are con-
sidered to improve the surface integrity of the nickel-based superalloy 

components with complex geometries manufactured through LPBF 

[16, 30]. During the magnetic abrasive finishing of the LPBF compo-
nents, the material is uniformly removed from both the external and 

internal surfaces, eliminating the partially melted powder particles 

and smoothing the surface (Ra decreased from ≅ 7 µm to less than 1 µm 

[31]. Magnetic abrasive finishing combined with vibratory machining 

significantly reduced the surface roughness (Ra values from 1.21 µm to 

0.8 µm under optimal conditions) of the LPBF-fused Inconel 939 com-
ponents [32]. In work [33], magnetic abrasive finishing was applied for 

the surface post-processing of the heat-treated Inconel 718 alloy man-
ufactured by LPBF, mainly introducing high-angle grain boundaries 

and subsequently improving mechanical properties. 
 Unlike traditional magnetic abrasive finishing, magnetic needle 

finishing (MNF) uses magnetically driven ferromagnetic needles to 

induce micropeening alongside surface smoothing. In the MNF pro-
cess, the material surface undergoes moderate plastic deformation 

under the high-speed impact of magnetic needles, uniformly distrib-
uting impact dimples on the surface [30]. At the same time, attempts 

to use magnetic needle finishing improving the surface integrity of the 

nickel-based superalloy parts manufactured by LPBF are practically 

absent. This research work examines the effect of wet magnetic needle 

finishing on the functional microrelief, the surface roughness, micro-
structure and internal defects in the Inconel 718 superalloy parts 

manufactured by the LPBF additive manufacturing method. 

2. EXPERIMENTAL DETAILS 

2.1. Powder Material and LPBF Method Description 

For post-processing, Inconel 718 (IN718) alloy samples were manufac-
tured using the RENISHAW AM400 machine and a commercial nickel-
based pre-alloyed IN718 metal powder (the nominal chemical composi-
tion [wt.%] is the following: 50–55% Ni, 17–21% Cr, 4.7–5.5% Nb, 
2.8–3.3% Mo, 0.6–1.2% Ti, and 0.2–0.8% Al) with high quality. The 

powder used contained spherical powder particles in the range of 10–55 

µm. IN718 alloy parts were manufactured by LPBF using a layer thick-
ness of 60 µm. The key parameters for manufacturing IN718 alloy parts 

were a laser power of 200 W and a scanning speed of 700 mm/s, using a 



MAGNETIC POST-PROCESSING OF ADDITIVELY-MANUFACTURED INCONEL 718 831 

multidirectional scanning strategy with a stripe spacing of 5 mm. 

2.2. Post-Processing Method Description 

Surface post-processing of the LPBF-manufactured IN718 alloy sam-
ples was implemented using a magnetically driven magnetic needle 

finishing (MNF) method. The MNF post-processing of the LPBF-
manufactured small-size parts was conducted under a variable magnet-
ic field using a multicomponent media, consisting of ferromagnetic 

needles and an abrasive paste enriched with surface-active substances, 
lowered into a chamber [16]. The MNF system comprised a cylindrical 
processing chamber with liquid compound, a magnetic disk drive, and 

an electric motor. The MNF process was performed for 30 min at room 

temperature. 

2.3. Experimental Methods Description 

The surface samples before and after post-processing were observed by 

a Mitutoyo Hyper Quick Vision WLI 3D optical profilometer (ISO 

25178-2:2012 and ISO 21920-2:2021 standards) and 3D Taylor Hobson 

Form Talysurf 120 contact profilometer (ISO 4287:1997 and ISO 

21920-2:2021 standards). The bearing area parameters (Spk, Sk, Svk) 
and functional volume parameters (Vmc, Vmp, Vvc, Vvv) obtained from the 

surface (0.5 mm by 0.5 mm area) were analysed. The profile roughness 

(Ra, Rp, Rv, Rt) parameters along the 0.8 mm sampling length were also 

examined in this study.  
 The microstructure and bulk/surface defects in the build and scan 

direction cross-sections of the LPBF-manufactured and MNF-
processed samples were observed by the Leica MEF4A and Polyvar 2 

light optical microscopes (LOM), and the high-resolution TESCAN Mi-
ra 3 LMU scanning electron microscope (SEM). 
 X-ray diffraction (XRD) analysis was performed using a Rigaku 

Ultima IV diffractometer. The quantitative analysis of residual inter-
nal defects was statistically carried out using the cross-sectional opti-
cal (unetched) micrographs obtained from the build direction by means 

of the Image-Pro Plus software through grayscale threshold segmenta-
tion. Macrohardness measurements were performed on the unpolished 

outer surfaces using a DIA-TESTOR 2Rc Rockwell hardness tester un-
der an indenter load of 10 kgf. 

3. RESULTS AND DISCUSSION 

The surface topography, functional microrelief parameters, and 

roughness alterations are studied in the first part of this study (Figs. 
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1–3), while the structural–phase state and strain-hardened effect are 

observed in the second part of this work (Figs. 4–6), clarifying the sur-
face integrity in the IN718 alloy specimens manufactured by LPBF and 

subsequently post-processed by MNF. 

3.1. Surface Microrelief and Morphology 

The surface microreliefs/morphologies (Fig. 1), functional bearing 

capacity (Fig. 2) and material volume parameters of the laser powder 

bed fused and magnetic needle finished alloy IN718 samples were ex-
amined across two representative sample regions (Area 1 and Area 2) 
and compared. The MNF process resulted in the removal of partially 

adhered spherical powder particles due to surface plastic deformation 

with multiangle collisions of needles, smoothing (↓ Sa parameter) and 

flattening (↓↓ Sp parameter) the surface. The MNF finishing slightly 

 

Fig. 1. Surface morphology and height distribution (Ssk and Sku) parameters of 

the LPBF-manufactured (a) and MNF-finished (b) alloy IN718 samples across 

Area 1 and Area 2. 
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reduced the arithmetical mean height (Sa = 1.95 µm, 15%-reduction 

compared to the LPBF sample) parameter, while the maximum peak 

height (Sp) parameter significantly decreased (from 20–25 µm to 10–
15 µm). The maximum valley height (Sv) values in the as-LPBF and 

post-MNF samples are at the same level, confirming a negligible effect 

of the high-speed needle impacts on the valley surface. 
 As illustrated in the topographic images (Fig. 1) of the measured 

area (500 µm×500 µm), the boundaries of laser tracks were smoothed 

but not completely removed/erased from the surface because the nick-
el-based surface samples were subjected to moderate MT conditions. 

 

Fig. 2. Load-bearing (Sk, Spk, and Svk) parameters derived from Abbott–
Firestone curves for the LPBF-manufactured (a) and MNF-finished (b) alloy 

IN718 samples across Area 1 and Area 2. 

 

Fig. 3. Surface roughness of the LPBF-manufactured and MNF-finished sup-
eralloy IN718 samples. 
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Thus, a flattened and wavy surface microrelief with a uniformly dis-
tributed dimpled texture (Fig. 1, b) due to the individual needle im-
pacts and traces of laser tracks is formed after magnetically driven 

surface post-processing. 
 Comparative 2D surface morphologies and height distribution (Ssk 

and Sku) parameters that reflect the degree of roughness profile shift, 
evaluated in the LPBF additive manufacturing conditions (Fig. 1, left) 
and MNF post-processing conditions (Fig. 1, right), demonstrate that 

the skewness values are a pronounced positive asymmetry (Ssk > 0: +2.77 

in Area 1 and +1.09 in Area 2) across both areas in the as-LPBF condi-
tions due to the presence of adhered powder particles and sharp peaks. 
 Conversely, application of magnetic post-processing using numer-
ous and repetitive pin impacts resulted in negative near-Gaussian 

skewness values across both areas (Ssk < 0: −0.39 in Area 1 and −0.53 in 

 

Fig. 4. Macrostructure and microstructure of the LPBF-manufactured (a) and 

MNF-finished (b) alloy IN718 samples in the build (a–c) and scan (d–f) direc-
tions. 
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Area 2), which is a relief with a predominance of valleys over peak. The 

kurtosis (Sku) values that represent the degree of the roughness profile 

sharpness decreased from 14.16 / 7.43 to 3.58 / 4.10 after the MNF 

treatment, indicating the elimination of high peaks and the formation 

of a uniformly smoothed surface texture. 

3.2. Functional Microrelief Performance 

The functional bearing ratio values and volume parameters with the 

minimised Spk/Vmp, expanded core Sk/Vmc, and moderate Svk/Vvv altera-
tions demonstrate that the generated surface in the MNF-treated sam-
ples possesses the ability to suppress the initial wear during running-
in (↓↓ Spk) and increase the load-bearing capacity due to an increase in 

the area of actual contact (↑ Sk) (Fig. 2). 

 

Fig. 5. Microstructure observation by SEM and LOM in the LPBF-
manufactured (a–c) and MNF-finished (d–e) alloy IN718 samples in the build 

and scan directions. 
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 In addition, the depth of the valleys does not decrease, but rather 

increases slightly or remains stable (2.35 µm to 3.49 µm in Area 1 and 

3.69 µm to 3.99 µm in Area 2), confirming that the MNF process de-
forms the surface locally. The metal pins with multiple microimpacts 

rotated at high-speed remove high peaks selectively without filling or 

destroying the intertrack valleys that can create the condition of the 

microreservoirs to retain lubricant (Vvv from 0.0025 mm3/mm2
 to 

0.0036 mm3/mm2
 in Area 1). 

 The surface profile roughness (Ra, Rp, Rv, and Rt) parameters (Fig. 

3), estimated from their profiles along the 0.8 mm sampling length, 
indicate that the magnetically driven surface finishing treatment re-
sulted in a reduction in the surface roughness, correlating well with 

the area surface roughness. The surface roughness (Ra) parameter was 

reduced from ≅ 3.7 µm to ≅ 2.10 µm after the surface MT post-
processing, confirming a significant effect on surface quality im-
provement. It can be seen that a dramatic reduction in peak height (Rp) 

was achieved, dropping by over 50% (from ≅ 14.5 µm to ≅ 6.5 µm), indi-
cating effective removal of high-peak microasperities in the IN718 

alloy through the MT finishing process. 
 Reducing and levelling the amplitude parameters of micro-
irregularities in the MNF-finished Inconel alloy samples due to the 

high-speed impact of magnetic pins with various collisions leads to a 

redistribution of surface load, which is favourable for the functional 
performance of the LPBF-produced parts in extreme conditions. The 

high-speed needle impacts on the surface ensure micropeening and 

plastic flattening, rather than just removal of the partially melt-
ed/adhered powder particles from the surface. Thus, surface post-
processing using the magnetic needle finishing transforms the original 

 

Fig. 6. XRD phase patterns for the LPBF-manufactured and MNF-finished 

alloy IN718 samples. 
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rough and wavy-shaped surface into a smoothed and flattened surface 

microrelief with a uniformly distributed dimpled texture, resulting in 

improved surface integrity of Inconel 718 alloy prepared via LPBF. 

3.3. Microstructure 

To examine the near-surface structure, phase composition, and inter-
nal/surface defects in as-LPBF IN718 alloy before and after the MT 

finishing, light optical microscopy, scanning electron microscopy, and 

x-ray diffraction methods were applied in this study. The macrostruc-
ture and microstructure of the LPBF-manufactured and MNF-finished 

alloy IN718 samples in the build (Fig. 4, a–c) and scan (Fig. 4, d–f) di-
rections are presented in Fig. 4 and Fig. 5. 
 Micrographs of the microstructure of the LPBF-manufactured and 

surface post-processed IN718 alloy specimens obtained using LOM 

(Figs. 4 and 5) and SEM (Fig. 5) with high-magnification along build 

and scan directions demonstrated that the dendritic structure, con-
taining γ [Ni−Cr−Fe] solid solution matrix with a face-centred cubic 

(f.c.c.) lattice, mainly consists of elongated colonies of cells in the 

build direction (Fig. 4, a–c, Fig. 5, a, Fig. 5, b), oriented parallel to the 

primary thermal gradient during solidification, while the equiaxed 

cellular colonies of finely dispersed cells are observed in the scan direc-
tion (Fig. 4, d–e, Fig. 5, c–f). 
 The microsegregation of some alloying elements, such as niobium 

(Nb), molybdenum (Mo), and carbon (C) corresponds to interdendritic 

Laves phase and carbides (MC) (Fig. 5, e), which are uniformly distrib-
uted within the intercellular regions [2, 22, 34, 35]. The LPBF-built 

IN718 alloy specimens with a dendritic structure were characterised 

by increased macrohardness (≅ 32 HRC10). Finishing by MNF increased 

the surface macrohardness by ≅ 20% (≅ 39 HRC10) owing to numerous 

and repetitive pin impacts, which promote near-surface plastic defor-
mation resulting from micropeening and sliding. 
 Notably, based on the SEM micrographs (Fig. 5, f), the dendritic 

cells were revealed to be precisely located at the subsurface edge of the 

MNF-processed samples, confirming the lack of interfacial delamina-
tion, severe plastic folding or microcracking during the removal of 

irregularities/peaks on the LPBF-formed surface. This confirms that 

the numerous dynamic impacts of the metallic needles under the action 

of an alternating magnetic field promote a controlled removal of metal 
with the MNF process, in which localised work hardening is generated. 
Additionally, as seen in Fig. 5, a (as-LPBF) and Fig. 5, b (post-MNF), 
compared to the as-built IN718 alloy specimen [31], partially melted 

powder particles and/or adhered spherical/ellipsoidal balls were re-
moved/reduced from the surface by the MNF finishing. 
 As noted above, the microstructure comprises the dendritic struc-
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ture regardless of the studied condition (as-LPBF and post-MNF), con-
taining γ [Ni−Cr−Fe] solid solution matrix with a face-centred cubic 

(f.c.c.) lattice, γ' [Ni3(Al, Ti)], Laves phases [(Ni, Fe, Cr)2(Nb, Mo, Ti)], 

and MC carbides [(Ti, Nb)C], which are identified in the initial as-
LPBF condition (Fig. 6). Primary strengthening elements (such as Nb) 
remain largely segregated within interdendritic Laves phases and MC 

carbides and/or trapped in the solid solution matrix due to the ex-
tremely high cooling rates in the LPBF process. 
 The observed XRD patterns show a clear shift of the γ/γ' diffraction 

peaks toward smaller 2θ-angles after the MNF post-processing (Fig. 6), 
which is in strong agreement with previously published studies on sur-
face mechanical treatment via severe plastic deformation of the Inconel 
718 manufactured via LPBF [19, 36]. The (220) peak shift (Fig. 6) cor-
responds to lattice expansion along the normal surface, confirming the 

induction of beneficial residual compressive macrostresses (≅ 1 GPa) in 

the subsurface layer instead of the manufacturing induced tensile 

stresses. Additionally, the moderate broadening of the γ/γ' diffraction 

(220) peaks aligns with the reduction in crystallite size and the increase 

in lattice strain (0.32%), providing clear evidence of notable near-
surface plastic deformation and dislocation accumulation (2.41⋅10−14

 

m−2) in the parts subjected to the magnetic needle finishing process. 
 Thus, magnetic needle finishing is an effective method for surface 

post-processing of IN718 alloy parts manufactured via the LPBF tech-
nique. In Refs. [37, 38], it was shown that MNF treatment under a spa-
tial composite magnetic field can significantly extend the processing 

range, increase the effective processing area height by 200%, and im-
prove the uniformity of the workpiece surface morphology. The high-
quality MNF finishing is attributed to microcutting material removal, 

surface smoothing through sliding, and surface hardening via mi-
cropeening. Compared to barrel finishing [39–41], which is used for 

the surface post-processing of complexly shaped metal components, 
magnetic needle finishing is a flexible post-processing method for the 

LPBF-manufactured small-scale components. 

4. CONCLUSION 

The current study demonstrated that the high-quality magnetic needle 

finishing (MNF process applied for surface post-processing of Inconel 
718 alloy parts improved surface quality and microstructural charac-
teristics. The surface integrity of the LPBF-manufactured nickel-
based superalloy was improved by generating a smoothed surface mi-
crorelief with a strain-hardened subsurface layer, creating a synergis-
tic effect of hardening and finishing simultaneously. 
 The results indicate that the magnetic needle finishing (MNF) flat-
tened surface irregularities (Rp parameter decreased from ≅ 14.5 µm to 
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≅ 6.5 µm) and improved surface finish consistency, eliminating par-
tially melted and adhered powder particles from the surface due to the 

high-speed impact of magnetic pins with different surface collisions, 
which promotes near-surface plastic deformation and surface smooth-
ing (Ra decreased from ≅ 4.0 µm to ≅ 2.0 µm). 
 The functional parameters show that the formed surface reliefs in 

the MNF-treated samples possess the ability to suppress the initial 
wear during running-in (↓↓ Spk) and increase the load-bearing capacity 

due to an increase in the area of actual contact (↑ Sk). 
 The observed surface hardening (increased HRC value from ≅ 32 

HRC10 to ≅ 39 HRC10) and high lattice microstrain measured by XRD is 

attributed to the increased dislocation density and grain refinement 

within the fine dendritic structure of the MNF-processed near-surface 

layer of the IN718 alloy specimens. In addition, the XRD data con-
firmed formation of residual compressive macrostresses after applying 

the MT finishing. 
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зміцнення у вібраційних камерах поверхні титанового стопу 

ВТ6, виготовленого металурґійним та адитивним способами 
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Досліджено особливості зміцнення поверхні титанового стопу ВТ6, виго-
товленого металурґійним (гарячим вальцюванням (ГВ)) та адитивним 

способом селективного лазерного топлення (СЛТ), із застосуванням двох 

типів ультразвукових установок, які забезпечують різні моди збудження 

вібраційної камери, наповненої крицевими кульками,  високочастотно-
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го зміцнення кульками (ВЧЗК) і віброкамери з коливаннями її дна та сті-
нок. Показано, що пониження шерсткости поверхні, формування стиска-
льних залишкових напружень і значного зміцнення вдається досягти не-
залежно від схеми ініціювання ударів кульками у використаних ультраз-
вукових віброкамерах за умови вибору певних оптимальних режимів об-
роблення. Впродовж 4 хв обробляння за допомогою використаних ультра-
звукових установок ВЧЗК і віброкамери досягнуто зміцнення зразків піс-
ля гарячого вальцювання на 22,6 (4,72 ГПа) і 24,9 (4,81 ГПа) відповід-
но. Зміцнення зумовлено формуванням залишкових стискальних напру-
жень (1560 МПа) під час обробляння у віброкамері порівняно з ВЧЗК 

(1240 МПа), подрібненням кристалітів - (1419 нм) і -фаз (3663 нм) у 

порівнянні з вихідним станом (150 нм і 174 нм відповідно). СЛТ-зразки 

після ВЧЗК і віброкамери зазнають зміцнення на 51 (6,61 ГПа) і 46,7 

(6,41 ГПа) відповідно порівняно із вихідним станом (4,37 ГПа). У порів-
нянні з установкою ВЧЗК запропонована віброкамера дає змогу одержати 

як поздовжні коливання її дна, так і концентричні коливання стінок, що 

підвищує ефективність стабільного та керованого експрес-обробляння 

деталів і вузлів складної форми, а також пласких і тонких металевих де-
талів типу лопатей двигунів. 

Ключові слова: селективне лазерне топлення, високочастотне зміцнення 

поверхні кульками, шерсткість, залишкові напруження, мікротвердість. 

The features of the surface hardening of titanium alloy Ti–6Al–4V manufac-
tured by metallurgical (hot rolling (HR)) and additive selective laser melting 

(SLM) methods are investigated, using two types of ultrasonic installations, 

which provide different modes of excitation of a vibration chamber filled 

with steel balls, namely, high-frequency ball hardening, i.e., surface mechan-
ical attrition treatment (SMAT), and a vibration chamber with oscillations of 

its bottom and walls. It is shown that a surface roughness reduction, the for-
mation of compressive residual stresses and significant hardening can be 

achieved regardless of the initiating scheme of ball impacts in the used ultra-
sonic vibration chambers, if certain optimal processing modes are selected. 

Within 4 minutes of treatment using the SMAT unit and the vibration cham-
ber, the HR samples are strengthened by 22.6 (4.72 GPa) and 24.9 

(4.81 GPa), respectively. The strengthening is due to the formation of resid-
ual compressive stresses (of 1560 MPa) during processing in the vibration 

chamber compared to SMAT (of 1240 MPa), the refinement of - (of 

1419 nm) and -phase (of 3663 nm) crystallites compared to the initial 
state (of 150 nm and 174 nm, respectively). The SLM samples after SMAT 

and the vibration chamber undergo strengthening by 51 (6.61 GPa) and 

46.7 (6.41 GPa), respectively, compared to the initial state (4.37 GPa). 

Compared to SMAT unit, the proposed vibration chamber allows producing 

both longitudinal vibrations of its bottom and concentric vibrations of the 

walls that increases the efficiency of stable and controlled express processing 

of parts and assemblies of complex shape, as well as flat and thin metal parts 

such as engine blades. 

Key words: selective laser melting, surface mechanical attrition treatment, 

roughness, residual stresses, microhardness. 
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1. ВСТУП 

Титан і його стопи посідають одне з провідних місць серед констру-
кційних матеріялів для авіяційної, космічної, енергетичної та ме-
дичної промисловостей завдяки високому співвідношенню міцнос-
ти до густини, корозійній стійкості та здатності працювати за екст-
ремальних температурних умов [1, 2]. Одним із найбільш викорис-
товуваних стопів у цій групі є стоп Ti6Al4V (ВТ6), що характери-
зується стабільним фазовим складом і придатністю до різних спосо-
бів термічного та механічного оброблянь [3]. Останнім часом зрос-
тає інтерес до адитивного виробництва (АВ) деталів із титанових 

стопів [4, 5], зокрема методою селективного лазерного топлення 

(СЛТ), що дає змогу виготовляти вироби складної геометрії з міні-
мальною кількістю відходів [6]. 
 Разом із тим, відомо, що структура та властивості титанових сто-
пів, одержаних СЛТ, істотно відрізняються від матеріялів тради-
ційної металурґії через високі ґрадієнти температур і швидкість 

охолодження у процесі формування шарів [7]. Це призводить до 

утворення текстурованих структур, анізотропії механічних власти-
востей і високого рівня залишкових напружень, що може неґативно 

впливати на експлуатаційні характеристики деталів [8]. Для усу-
нення цих недоліків і поліпшення властивостей поверхневого шару 

перспективним є використання різних високочастотних механіч-
них методів поверхневого модифікування як фінішного пост-
процесу [9]. Серед них важливе місце займають поверхневі ультра-
звукові технології інтенсивної пластичної деформації (ІПД) [10], 
які мають високу ефективність і дають змогу формувати наностру-
ктурований зміцнений шар металевої поверхні із вигідним розподі-
лом залишкових напружень стиснення [11, 12]. Це повною мірою 

стосується й адитивно виготовленого титанового стопу ВТ6, власти-
вості й експлуатаційний ресурс якого можна значно поліпшити, 
наприклад, вдвічі підвищити граничну втомну міцність [13]. Це 

особливо важливо для виробів, що працюють в умовах циклічного 

змінного навантаження, таких як лопаті, компресорні диски газо-
турбінних двигунів літаків та інші деталі складної форми. Оскільки 

найбільш істотною перевагою АВ є саме можливість виготовляти 

вироби складної геометричної форми, це потребує вибору відповід-
ного ультразвукового обладнання та прикладеної енергії для забез-
печення можливости оброблення великих площ поверхонь складної 
геометрії. 
 З цієї точки зору серед низки поверхневих методів ІПД, таких як 

ультразвукове обкочування поверхні роликами [14], ультразвукове 

нанокристалічне модифікування поверхні [15], ультразвукове уда-
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рне оброблення [16], найбільш придатною є технологія високочас-
тотного зміцнення кульками (ВЧЗК — SMAT—surface mechanical 
attrition treatment) [17]. Суть такого оброблення полягає в наступ-
ному. Оброблюваний зразок складної форми розміщується у каме-
рі, оснащеній вібраційним ґенератором, і обробляється крицевими 

кульками зазвичай із неіржавійної криці. Частота вібрації вакуум-
ної камери може змінюватися в межах від 20 Гц до 20 кГц. В проце-
сі обробляння кульки резонують і вдаряються об поверхню зразка 

впродовж певного проміжку часу. Швидкість польоту та кінетична 

енергія кульок залежать від частоти ґенератора, віддалі до поверхні 
зразка, а також їхнього розміру (маси). Напрямки ударів кульок об 

поверхню є випадковими та завдяки таким багаторазовим локалі-
зованим механічним ударам із високою частотою досягається інте-
нсивна пластична деформація, що сприяє подрібненню зеренної 
структури, закриттю мікродефектів, зменшенню поруватости та 

підвищенню зносостійкости й втомної міцности [18]. Водночас па-
раметри (частота й амплітуда) ультразвукових коливань, трива-
лість обробляння чинять істотний вплив на кінцевий результат 

зміцнення [19]. 
 Незважаючи на значну кількість праць, присвячених ВЧЗК, бі-
льшість досліджень стосується титанових стопів традиційного ви-
робництва, зокрема після гарячого вальцювання або штампування 

[20, 21]. Вплив ВЧЗК на стоп ВТ6, одержаний СЛТ, досліджено не-
достатньо. З огляду на відмінності структур, кількостей і типів де-
фектів (дислокації, пори, мікротріщини) та рівнів залишкових на-
пружень, можна припустити, що ефективність ВЧЗК для такого 

матеріялу матиме свої особливості [22]. 
 Крім того, сучасні дослідження демонструють необхідність оп-
тимізації режимів ультразвукового оброблення залежно від типу 

вихідної структури матеріялу. Зокрема, роботи [17, 18, 23, 24] вка-
зують, що для адитивних заготівок характерною є вища чутливість 

до режимів навантаження, що пов’язане з наявністю дрібнозернис-
тих колонних структур і нерівномірного розподілу фаз. Важливим є 

також тип застосованої вібраційної камери, оскільки за різних 

конструкцій і методів збудження її різною може бути й оптимальна 

кінетична енергія кульок, що здійснюють деформаційне модифіку-
вання поверхні деталів складної форми. Це створює передумови для 

більш детального вивчення ефективности різних способів ВЧЗК за-
лежно від технології одержання титанових стопів. 
 Таким чином, метою даної роботи є дослідження впливу різних 

способів ВЧЗК за допомогою спеціяльно виготовленого для цього 

високотехнологічного цифрового ультразвукового обладнання на 

морфологію поверхні, структуру, фазовий склад і механічні влас-
тивості титанового стопу ВТ6, одержаного методою СЛТ. Для порі-
вняння використано також промисловий стоп ВТ6, одержаний га-
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рячим вальцюванням (ГВ). Одержані результати дають змогу ви-
значити оптимальні параметри фінішного оброблення адитивно ви-
готовлених деталів зі стопу ВТ6 складної форми для підвищення 

їхніх експлуатаційних характеристик, що є актуальним завданням 

задля розвитку сучасних технологій у авіякосмічній, енергетичній 

і біомедичній галузях. 

2. МЕТОДИКА ЕКСПЕРИМЕНТУ 

Використовувалися зразки титанового стопу ВТ6 з наступним хемі-
чним складом (ваг.): Ti  85,21, Al  6,18, V  4,28, одержані 
гарячим вальцюванням і селективним лазерним топленням. 
 ГВ-зразки у вигляді пластин довжиною у 20 мм, шириною у 

10 мм і товщиною у 5 мм (0,5 мм) були одержані різанням прутків 

перпендикулярно напрямку вальцювання. 
 СЛТ-зразки було виготовлено на 3D-принтері Alfa-150D компанії 
«АЛТ України» («Адитивні лазерні технології України»). Номіна-
льна потужність волоконного ітербійового лазера з довжиною хвилі 
у 1070  2 нм складала 200 Вт, фокусний діяметер лазерного проме-
ня  45 мкм, швидкість сканування  500 мм/с, товщина шару  

25 мкм і віддаль штрихування  150 мкм. Використовували сфе-
ричний порошок стопу Ti6Al4V дисперсністю у 1553 мкм. Для 

запобіження окисненню виготовлення зразків проводилося в інерт-
ному середовищі Ar. 
 Високочастотне ударне зміцнення поверхні зразків стопу ВТ6 без 

попереднього шліфування проводилось із використанням кульок 

діяметром у 2 мм із неіржавійної криці з використанням двох різ-
них устатковин. Перша  це камера ВЧЗК (рис. 1, а), у якій енер-
гія ультразвукових коливань через торець сонотрода, розміщеного 

на дні камери, передається металевим кулькам і стимулює їхній 

рух у обмеженому об’ємі повітряного середовища дослідної камери 

та високочастотні удари по поверхні зразка (далі  оброблення І-
типу). Друга  це віброкамера (рис. 1, б), вібрування стінок і дна 

якої забезпечує кульки кінетичною енергією (далі  оброблення ІІ-
типу). За допомогою ВЧЗК за схемою ІІ-типу вдається зменшити 

кількість технологічних операцій оброблення виробів складної та 

ножеподібної форми (типу пера лопатки компресора чи газотурбін-
ного двигуна) у порівнянні зі схемою І-типу (рис. 1, а), яка передба-
чає оброблення лише з одного боку плаского або рельєфного виробу 

та наступну зміну площини оброблення чи то використання двох 

зустрічних акустичних систем, під’єднаних до однієї камери 

(рис. 1, в), що веде до збільшення економічних витрат. 
 Камери інтеґруються до ультразвукової вібраційної системи, яка 

складається з ультразвукового п’єзокерамічного перетворювача, 
перетворювача швидкости коливань (бустера) та концентратора 
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(сонотрода) й живиться від цифрового електронного ґенератора 

[20]. Амплітуда ультразвукових механічних коливань (пік-пік) 
становила 25 мкм, тривалість оброблення змінювалася від 2 хв до 

8 хв, віддаль до зразка  10 мм, кількість кульок  35. 
 Перетворювач із високим коефіцієнтом ефективности трансфор-
мує високочастотну електричну енергію у потужні ультразвукові 
механічні коливання з частотою близько 20 кГц, які передаються 

через бустер і підсилюються сонотродом. Енергія ультразвукових 

коливань через торець сонотрода передається металевим кулькам і 
стимулює рух їх у замкненому повітряному об’ємі експеримента-
льної камери та високочастотні удари по поверхні зразка. Задля 

зменшення дисипативних втрат під час коливань сонотрод устатко-
вини виготовлено з титанового стопу ВТ22. 
 Електронний ґенератор із повністю цифровим керуванням подає 

живлення на п’єзокерамічний перетворювач. У схемі ґенератора 

застосовано сучасні мікропроцесорні технології: синтезу частоти 

DDS (Direct Digital Synthesis), цифрове фазове автоналаштування 

резонансного режиму з автоматичною адаптацією до тієї чи іншої 
акустичної системи. Ґенератор обладнано реґулятором і стабіліза-

 

Рис. 1. Схематичне зображення установки ВЧЗК для оброблення І-типу 

(a, в) та віброкамери (сонотрод-концентратор) для оброблення ІІ-типу (б) 

[20]. 

Fig. 1. Schematic view of device for high-frequency ball hardening of I-type 

treatment (a, в) and vibrochamber (sonotrodeconcentrator) for II-type 

treatment (б) [20]. 
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тором амплітуди ультразвукових механічних коливань у діяпазоні 
від 5 до 100 (60 мкм) і реґулятором часу роботи за допомогою циф-
рового таймера від 0,01 с до 30 хв. Напруга живлення ґенератора 

становить 220 В, а вихідна потужність  до 2000 Вт. 
 Мікроструктуру досліджено з використанням оптичного метало-
графічного мікроскопа iScope IS.1053-PLMi, а мікротвердість за ме-
тодою Віккерса  за допомогою приладу LHVS-1000Z (наванта-
ження у 100 г з витримкою у 10 с). 
 Морфологію поверхні зразків досліджено за допомогою стереомі-
кроскопа Crystal 45 Konus із збільшенням у діяпазоні від 7 до 

45 крат залежно від масштабів структурних особливостей і харак-
теру поверхневих дефектів. Для поліпшення контрастности рельє-
фу використовували реґульоване світлодіодне освітлення стереомі-
кроскопа, змінюючи кут падіння світла. 
 Для визначення поверхневого рельєфу та макроструктури засто-
совано профілометер JITAI-8103 Plus. 
 Для рентґеноструктурних досліджень використано дифракто-
метр Rigaku Ultima IV (випромінення — K-Cu): інтервал кутів 

2  20120, крок реєстрації  0,04, час витримки в точці  2 с. 
Кількісний фазовий склад стопу ВТ6 розраховувався на основі інте-
ґральної інтенсивности неперекривних дифракційних максимумів, 
характерних для кожної фази, за Рітвельдовою методою у програм-
ному забезпеченні PDXL. Уточнення фазового складу здійснювали 

шляхом підбору структурних моделів -Ti (ГЩП, 194: P63/mmc) і -
Ti (ОЦК, 229: Im3m) з бази ICSD (Inorganic Crystal Structure Data-
base) й уточнення масштабних факторів, параметрів ґратниці, про-
філю дифракційних максимумів і фону. Застосовувалися функція 

профілю «псевдо-Фогт» і фонове моделювання поліномом. За ре-
зультатами уточнень визначали кількісний фазовий склад, розмір 

областей когерентного розсіяння (ОКР) і ступінь деформації крис-
талічної ґратниці (). 
 Визначення величини напружень 1-го роду проведено методою 

sin2 за зміною кутового положення дифракційного максимуму -
Ti(110) для значень кутів   0, 5, 10, 15, 20. Для згладжуван-
ня профілів дифракційних максимумів використовувалася 

Savitzky–Golay-функція, а для відокремлення фону  Sonneveld–
Vissers-функція. Визначення кутового положення дифракційних 

максимумів проводилося на основі значень положення центру ваги. 
Обробку одержаних даних проведено з використанням програмного 

забезпечення Rigaku Residual Stress Analysis. 

3. РЕЗУЛЬТАТИ Й ОБГОВОРЕННЯ 

На рисунку 2 показано зміни мікротвердости поверхонь зразків 

стопу Ti–6Al–4V, оброблених двома різними ультразвуковими 
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устатковинами впродовж різного часу. Вихідне значення мікротве-
рдости для ГВ-зразка складає 3,93 ГПа, для СЛТ-зразка  

4,37 ГПа. Після різних типів оброблення спостерігається аналогіч-
на тенденція змін мікротвердости з часом, а саме, зростання її ве-
личини до максимального значення з наступним зменшенням вна-
слідок релаксаційних процесів. Для ГВ-зразків максимальні зна-
чення мікротвердости досягаються за 4 хв і становлять 4,72 ГПа 

(20) і 4,81 ГПа (22,4) після оброблень І-типу та ІІ-типу відпо-
відно. Таким чином, досягається майже однакове зміцнення, зумо-
влене обома типами оброблення. Після 8 хв деформаційного впливу 

мікротвердість зменшується до 4,32 ГПа і 4,2 ГПа для оброблення І-
типу та ІІ-типу відповідно. 
 Зміни мікротвердости СЛТ-зразків починають спостерігатися 

лише після оброблень обох типів упродовж 4 хв. Основна відмін-
ність поведінки мікротвердости СЛТ-зразків від ГВ-зразків полягає 

в тому, що максимальні значення мікротвердости у 6,61 ГПа і 
6,41 ГПа для оброблення І-типу та ІІ-типу відповідно досягаються 

за час у 6 хв. В даному разі зміцнення становить 51 і 46,7, а його 

ефективність є дещо вищою для оброблення І-типу. Надалі спосте-
рігається знеміцнення після 8 хв деформаційного впливу до зна-
чень у 5,81 ГПа і 5,92 ГПа для оброблень І-типу і ІІ-типу відповідно. 
 Вочевидь, наявність певного «інкубаційного» періоду відносно 

сталої мікротвердости СЛТ-зразків пов’язана з вищими величина-
ми шерсткости їхньої поверхні, елементи якої деформуються впро-
довж перших 3 хв оброблення (рис. 2, а, б). 
 Параметри шерсткости поверхні зразків до та після оброблення 

  
а б 

Рис. 2. Зміна мікротвердости ГВ- (а) та СЛТ-стопу ВТ6 (б) в залежності від 

тривалости ВЧЗК: 1  оброблення І-типу, 2  оброблення ІІ-типу. 

Fig. 2. Change of microhardness of HR (a) and SLM (b) Ti–6Al–4V alloy sam-
ples after SMAT (I-type) (1) and vibrochamber (II-type) (2) treatments. 
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наведено в табл. 1. 
 На рисунку 3 наведено залежності середньоарифметичної шерст-
кости Ra ГВ- і СЛТ-зразків від тривалости їх оброблень обох типів. У 

вихідному стані середнє значення шерсткости Ra СЛТ-зразка є у 4,3 

ТАБЛИЦЯ 1. Характеристики шерсткости поверхні стопу ВТ6 після обро-
блень різних типів. 

TABLE 1. Dependences of the surface roughness of Ti–6Al–4V alloy on the 

time of treatments of different types. 

Стан зразка Параметри шерсткости 

Умови 

одержання 
Тип 

оброблення 
Тривалість 

оброблення, хв 
Ra, мкм Rq, мкм Rz, мкм 

СЛТ вихідний – 5,750 7,190 34,341 

СЛТ І 4 4,072 4,761 21,786 

СЛТ І 6 3,27 4,253 22,707 

СЛТ І 8 3,593 4,437 22,939 

СЛТ ІІ 4 8,024 10,623 54,570 

СЛТ ІІ 6 5,133 6,548 34,115 

СЛТ ІІ 8 4,677 6,069 32,081 

ГВ вихідний – 1,336 1,681 8,832 

ГВ І 4 1,654 2,321 8,925 

ГВ І 8 2,524 3,234 10,567 

ГВ ІІ 4 1,425 1,743 9,076 

ГВ ІІ 8 3,915 4,787 21,398 

 

Рис. 3. Залежності шерсткости поверхні стопу ВТ6 від часу оброблень різ-
них типів. 

Fig. 3. Dependences of the surface roughness of Ti–6Al–4V alloy on the time 

of treatments of different types. 
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рази більшим порівняно із ГВ-зразком. Після оброблення І-типу 

СЛТ-зразка упродовж 4 хв величина Ra зменшується до 4,072 мкм, 
а для ІІ-типу  збільшується до  8 мкм внаслідок утворення запа-
дин і виступів, тоді як для ГВ-зразків істотних змін не відбувається. 
Збільшення тривалости деформаційного впливу зумовлює поступо-
ве зменшення шерсткости поверхні СЛТ-зразка до  3,6 і  4,7 мкм 

залежно від типу оброблення. 
 Слід зазначити, що після 8 хв оброблення ІІ-типу в деяких ділян-
ках СЛТ-зразка, які вільні від смуг і мають гладку морфологію, 
значення Ra зменшується (порівняно із 4 хв) практично на порядок 

величини  до  0,8 мкм, тоді як для ГВ-зразка Ra навпаки збіль-
шується практично втричі (у 2,75 разів). 
 Причиною більшої вихідної мікротвердости СЛТ-зразків також є 

особливості їхньої структури. Результатом циклічної термічної іс-
торії, яку зазнає зразок під час СЛТ, є формування шаруватої сму-
гастої макроструктури з - та -фази (рис. 4, а, б), яка забезпечує 

вищі значення мікротвердости 3D-виробів порівняно з будь-якими 

іншими технологіями виробництва [25]. Дійсно, процес АВ деталів 

зі стопу Ti6Al4V є унікальним через те, що після 3D-друку може 

бути досягнуто надзвичайно дисперсну мікроструктуру, що має по-
дібність до тієї, яка спостерігається після зварювання або гарту-
вання [26]. Така дрібнозернистість і значна густина дислокацій, як 

у АВ-стані, так і після оброблень І-типу та ІІ-типу, забезпечують 

більші значення мікротвердости СЛТ-зразка, ніж структура після 

гарячого вальцювання, яка ще й може мати ознаки кристалографі-
чної текстури. Разом з тим, ефект зміцнення ГВ- і СЛТ-зразків за 

умов оброблень обох типів майже однаковий і складає 1,5 ГПа і 
2 ГПа відповідно. 
 Під час ударної механічної деформації у віброкамері (ІІ-тип обро-

 

Рис. 4. Дезінтеґрація вихідної шаруватої СЛТ-структури (а) після оброб-
лення ІІ-типу упродовж 4 хв (б) та 8 хв (в) (збільшення 25 крат). 

Fig. 4. Disintegration of the initial layered SLM structure (а) after II-type 

treatment for 4 min. (б) and 8 min. (в) (magnification 25). 
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блення) така шаруватість гальмує внесок напружень з протилежно-
го боку зразка до вислідних напружень в об’ємі і, відповідно, в дос-
ліджуваному приповерхневому шарі. Із збільшенням часу оброб-
лення смуги ущільнюються та виконують роль стопора для дисло-
кацій, що ґенеруються в процесі пластичної деформації, і це забез-
печує вищий рівень зміцнення СЛТ-зразків порівняно з ГВ-
зразками (незалежно від типу оброблення). З подальшим збільшен-
ням часу обробляння накопиченої деформації стає достатньо для 

переривання смуг і подрібнення їх на окремі фраґменти. Це може 

стати однією з додаткових причин зменшення значень мікротвер-
дости, що спостерігається для СЛТ-зразків із перевищенням 6 хв 

оброблення. Такі складні трансформації значно розширюють діяпа-
зон досяжних мікроструктур і механічних властивостей для АВ-
деталів зі стопу Ti6Al4V (залежно від типів і режимів механічно-
го оброблення). 
 Розглянемо більш докладно особливості морфології поверхні зра-
зків (рис. 5), оброблених двома різними ультразвуковими устатко-

 

Рис. 5. Морфологія поверхні (ав) ГВ- і (ге) СЛТ-зразків стопу ВТ6: а, г  

вихідний стан; б, д  оброблення І-типу,   8 хв; в, е  оброблення ІІ-
типу,   8 хв (150). 

Fig. 5. Surface morphology of HR (ав) and SLM (ге) samples of Ti–6Al–4V 

alloy: а, гthe initial state; б, дІ-type treatment,   8 min.; в, еІІ-type 

treatment,   8 min. (150). 
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винами. Порівняно з початковим станом, після ударного впливу 

морфологія поверхні ГВ- і СЛТ-зразків зазнає помітних змін, які 
проявляються у формуванні характерного ямкового рельєфу, але 

ступінь цих змін є різним. Після максимального часу оброблення 

ІІ-типу поверхневий рельєф є більш дрібним і рівномірним для 

СЛТ-стопу (рис. 5, е) порівняно з ГВ-стопом (рис. 5, в). Водночас, 
навіть після максимальної тривалости оброблення, пошкодження 

поверхні з утворенням мікротріщин або інших дефектів, які мо-
жуть неґативно вплинути на механічні характеристики, не відбу-
ваються ані для СЛТ-стопу, ані для ГВ-стопу (рис. 6). 
 Оскільки для СЛТ-стопу максимальне значення мікротвердости 

спостерігається після 6 хв інтенсивної пластичної деформації, на 

рис. 7 додатково наведено порівняння впливу оброблень І-типу та 

 

Рис. 6. Мікроструктура поверхні (а) СЛТ- і (б) ГВ-зразків стопу ВТ6 після 

оброблення І-типу,   8 хв (400). 

Fig. 6. Microstructure of the surface of SLM (а) and HR (б) samples of Ti–
6Al–4V alloy after І-type treatment,   8 min. (400). 

 

Рис. 7. Мікроструктура поверхні СЛТ-стопу ВТ6 після оброблення упро-
довж   6 хв: І-типу (а) та ІІ-типу (б) (400). 

Fig. 7. Microstructure of the surface of SLM samples of Ti–6Al–4V alloy after 

І-type treatment (а) and IІ-type treatment (б) for   6 min. (400). 



ПОРІВНЯННЯ ЕФЕКТИВНОСТИ ВИСОКОЧАСТОТНОГО УДАРНОГО ЗМІЦНЕННЯ 855 

ІІ-типу саме такої тривалости на мікроструктуру поверхні. Для ІІ-
типу оброблення поверхня виглядає більш подрібненою із більшою 

глибиною западин. 
 Для виявлення структурно-фазових змін у стопі ВТ6, одержано-
му й обробленому різними способами, застосовано рентґенострук-
турну аналізу (рис. 8 і 9). Визначено кількісний фазовий склад, ро-
змір областей когерентного розсіяння, ступінь деформації криста-
лічної ґратниці та макронапруження І роду (табл. 2 і 3). Порівню-
вався структурно-фазовий стан зразків стопу ВТ6 після оброблення 

на максимальну твердість (  4 хв для ГВ- і   6 хв для СЛТ-
зразка), а також після релаксації напружень (  8 хв). 
 На рисунку 8, а представлено фраґменти дифрактограм для вихі-
дного стану ГВ-зразків і після оброблення І- і ІІ-типу тривалістю у 

4 хв і 8 хв. Основні рефлекси відповідають -фазі титану із ГЩП-
ґратницею та -фазі з ОЦК-ґратницею. У вихідному стані цей дво-
фазний стоп містить більшу кількість об’ємної частки -фази; 

об’ємна частка -фази складає не більше 15. Після оброблення І- 
та ІІ-типу тривалістю у 4 хв відбувається формування деформацій-
ної текстури та переорієнтація зерен під дією повторюваних імпу-

 
а б 

Рис. 8. Фраґменти дифрактограм (a) ГВ- і (б) СЛТ-зразків стопу ВТ6 у ви-
хідному стані та після оброблення І-типу і ІІ-типу різної тривалости. 

Fig. 8. Fragments of x-ray spectra of HR (a) and SLM (б) samples of Ti–6Al–
4V alloy in the initial state and after І-type and IІ-type treatments for various 

durations. 
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льсних ударів, що проявляється в зростанні інтенсивности рефлек-
су (002) й пониженні інтенсивности рефлексу (101) від -фази тита-
ну. Більш тривале оброблення упродовж 8 хв зумовлює збільшення 

напівширини дифракційних максимумів і зменшення текстури в 

напрямку [001]. Кількість -фази практично не змінюється для об-
роблення І-типу та дещо зменшується для оброблення ІІ-типу. 
 На рисунку 8, б наведено фраґменти дифрактограм для СЛТ-
стопу ВТ6. У порівнянні з ГВ-зразком у структурі СЛТ-стопу спо-
стерігається 93 -фази. Оскільки -фаза має більшу мікротвер-
дість, ніж -фаза, це є ще однією з причин більшої мікротвердости 

СЛТ-зразка у вихідному стані порівняно з ГВ-зразком. 
 Після оброблення інтенсивність рефлексу (002) від -фази дещо 

зростає у порівнянні з вихідним станом, особливо для випадку об-
роблення І-типу тривалістю у 8 хв. Це свідчить про переорієнтацію 

зерен за напрямком переважної текстури під дією багаторазових 

імпульсних навантажень [27]. Одночасно інтенсивність рефлексу 

(101) -фази зменшується, що підтверджує формування деформа-
ційної текстури та переорієнтацію кристалів. 
 Кількість -фази після оброблення будь-якого типу дещо збіль-

 
а б 

Рис. 9. Фраґменти дифрактограм (a) ГВ- і (б) СЛТ-зразків стопу ВТ6 у ви-
хідному стані та після оброблення І-типу і ІІ-типу різної тривалости. 

Fig. 9. Fragments of x-ray spectra of HR (a) and SLM (б) samples of Ti–6Al–
4V alloy in the initial state and after І-type and IІ-type treatments for various 

durations. 
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шується до 1011 порівняно із вихідним станом, але залишається 

втричі меншою, ніж у ГВ-зразках. Відсутність змін кількісного фа-
зового складу свідчить, ймовірно, що основні трансформації, які 
зумовлюють різке збільшення мікротвердости для СЛТ-зразка піс-
ля 6 хв оброблення стосуються -фази. 
 Крім того, після оброблення дифракційні профілі помірно роз-
ширюються, що пов’язане із подрібненням зеренної структури та 

зростанням рівня мікродеформацій кристалічної ґратниці. Подібні 
ефекти спостерігалися під час ультразвукового ударного зміцнення 

у роботах [28] і [22], де відзначено, що інтенсивна пластична дефо-
рмація СЛТ-стопів супроводжується формуванням субзерен з висо-
кою густиною дислокацій. 
 Можна зробити висновок, що всі ультразвукові процеси зумов-
люють дроблення кристалітів у приповерхневому шарі ГВ-стопу. 
Водночас мінімальний розмір кристалітів ГВ-стопу був зафіксова-
ний після ІІ-типу оброблення у віброкамері: для -фази (14 нм) 
упродовж часу 4 хв, який відповідає максимальному значенню мік-
ротвердости, а для -фази (17 нм) упродовж 8 хв (табл. 2). Розмір 

ОКР, як для -фази, так і для -фази СЛТ-стопу у вихідному стані, є 

значно меншим порівняно із ГВ-стопом. Після оброблення як І-, так 

і ІІ-типу істотних змін розміру ОКР не відбувається. Тобто подріб-
нення зерен є визначальним чинником змін мікротвердости тільки 

для ГВ-зразка. 
 Що стосується мікродеформацій, то значення  для ГВ-стопу піс-
ля І-типу оброблення збільшується після 4 хв і дещо зменшується 

після 8 хв, але залишається більшим, ніж у вихідному стані 
(табл. 2). Для ІІ-типу оброблення мікродеформація - та -фаз від-
бувається по-різному. Після 4 хв значення  зменшується для -
фази вдвічі та збільшується для -фази з 0,77 до 2. Із збільшен-

ТАБЛИЦЯ 2. Параметри кристалічної структури, кількісний фазовий 

склад і величина напружень 1-го роду ГВ-стопу ВТ6 у вихідному стані та 

після оброблення. 

TABLE 2. Parameters of crystalline structure, quantitative phase composi-
tion, and stresses of first kind for HR Ti–6Al–4V alloy in the initial state and 

after treatment. 

Тип  

оброблення 
Тривалість 

оброблення, хв 

Параметер /-фаз Напруження 

, МПа ОКР, нм ,  Вміст,  

Вихідний стан 150/174 0,33/0,77 90/10 523/– 

І 
4 19/63 0,58/1,19 92/8 1240/– 

8 38/22 0,42/0,86 97/3 398/– 

ІІ 
4 14/36 0,15/2,0 95/5 1560/– 

8 55/17 0,49/0,043 96/4 762/– 
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ням часу навпаки більшої деформації зазнає кристалічна ґратниця 

-фази (0,5), а для -фази  має мінімальне значення (0,043). 
Для СЛТ-стопу (табл. 3) за всіх режимів оброблення  зростає, як 

для -фази, так і для -фази, порівняно із вихідним станом. Після 

6 хв оброблення більші значення  спостерігаються для ІІ-типу об-
роблення порівняно з І-типом. Аналіза одержаних даних уможлив-
лює зробити висновок, що в основному деформується ґратниця -
фази, а оскільки її набагато менше, ніж -фази, цей чинник впливу 

на мікротвердість не є істотним. 
 Процес високочастотного механічного оброблення ГВ-стопу 

сприяє формуванню високого рівня стискальних залишкових мак-
ронапружень. Після 4 хв оброблення ІІ-типу (табл. 3) досягається 

максимальний рівень стискальних напружень (1560 МПа) порів-
няно із тим, що утворюється під час аналогічного оброблення І-типу 

(1240 МПа), і вихідним станом (523 МПа). Після 8 хв ці значення 

зменшуються до 762 МПа і 398 МПа відповідно, що корелює із 

зменшенням мікротвердости та підтверджує процеси релаксації 
напружень. 
 Таким чином, як подрібнення зерен, так і високі значення стис-
кальних напружень є сприятливими чинниками для зміцнення по-
верхні ГВ-стопу ВТ6. 
 У вихідному стані СЛТ-зразка напруження є розтягувальними 

(175 МПа) і внаслідок високочастотного ударного оброблення змі-
нюють знак [29]. Після 4 хв оброблення І- та ІІ-типу значення  до-
рівнюють 1625 МПа і 1413 МПа, а після 6 хв оброблення збіль-
шуються до 1815 МПа і 1642 МПа відповідно. Надалі внаслідок 

релаксаційних процесів величина  зменшується, але не настільки 

ТАБЛИЦЯ 3. Параметри кристалічної структури, кількісний фазовий 

склад і величина напружень 1-го роду СЛТ-стопу ВТ6 у вихідному стані та 

після оброблення. 

TABLE 3. Parameters of crystalline structure, quantitative phase composi-
tion, and stresses of first kind for SLM Ti–6Al–4V alloy in the initial state 

and after treatment. 

Тип  

оброблення 
Тривалість 

оброблення, хв 

Параметер /-фаз Напруження 

, МПа ОКР, нм ,  Вміст,  

Вихідний стан 11/62 0,18/0,58 93/7 175/– 

І 

4 20/36 0,67/0,49 89/11 1625/– 

6 18/32 0,37/0,79 90/10 1815/– 

8 28/67 0,7/0,79 89/11 1153/– 

ІІ 

4 11/21 0,39/0,19 89/11 1413/– 

6 17/23 0,55/0,92 95/5 1642/– 

8 12/39 0,2/0,45 89/11 1211/– 
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істотно, як для випадку ГВ-зразків. 
 Максимальне значення напружень (1815 МПа) для ІІ-типу об-
роблення СЛТ-зразка упродовж 6 хв незначно відрізняється від ма-
ксимального значення для ГВ-зразка (1560 МПа), досягнутого пі-
сля 4 хв оброблення. Саме така тривалість ударного впливу відпові-
дає максимальним значенням мікротвердости. Тобто значно більше 

значення мікротвердости СЛТ-зразка порівняно з ГВ-зразком, ско-
ріш за все, може зумовлюватися не тільки рівнем залишкових мак-
ронапружень стиснення та подрібненням зеренної структури. 
 Тому виявлений ефект зміцнення СЛТ-стопу, ймовірно, слід 

пов’язувати із фазовими перетвореннями, які стосуються в основ-
ному -фази (оскільки її значно більше і вона має більшу мікротве-
рдість порівняно з -фазою), а також зі змінами дислокаційної 
структури. 
 Спостережувані на рентґенограмах дифракційні рефлекси є су-
перпозицією рефлексів від -фази і -мартенситу (просторова гру-
па Р63/mmc, a  0,293 нм, c  0,467 нм). Близькі значення парамет-
рів ґратниці цих фаз перешкоджають чіткому розділенню дифрак-
ційних максимумів. Згідно з [26], нерівноважні фази та морфології 
є характерною ознакою СЛТ-стопу ВТ6. Фізичну причину перебігу 

бездифузійного мартенситного перетворення в процесі 3D-друку 

забезпечує висока швидкість охолодження та формування дисло-
кацій високої густини. 
 Як правило, -стабілізатори мають недостатньо часу для дифун-
дування з новоутвореної -фази під час   -перетворення, яке 

відбувається за швидкого тверднення. В результаті, з попередніх 

зерен -фази утворюється мартенситна -фаза в пластинчастих або 

рейкових морфологіях, розміри яких варіюються від кількох мік-
рометрів до десятків нанометрів [30]. Ця мартенситна -фаза збері-
гає наявну структуру -фази, але містить підвищену концентрацію 

-стабілізаторів і зазвичай знаходиться всередині попередніх -
зерен. 
 Автори [31] зазначають, що структура СЛТ-зразків може склада-
тися з двох різних варіянтів метастабільної фази, а саме, не тільки з 

гексагональної -мартенситної фази, а і з невеликої кількости ба-
зоцентрованої орторомбічної -мартенситної фази (5,458,0 мас. 

V). Тобто у стопі ВТ6 можуть спостерігатися два типи метастабіль-
них мартенситних перетворень, а саме,    і   . 
 Завдяки пошаровому способу виготовлення СЛТ-стопу поперед-
ньо виготовлені шари матеріялу нагріваються й охолоджуються кі-
лька разів, тобто піддаються термоциклуванню, яке відрізняється 

від традиційного ізотермічного термічного оброблення тим, що час 

термічного циклу знаходиться в межах мілісекунд. Тому замість -
фази з рівноважною концентрацією Ванадію утворюються наноро-
змірні метастабільні області зі збільшеною його концентрацією 
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[31]. І саме в цих областях, збагачених -стабілізувальними елеме-
нтами, зазвичай спостерігається -мартенсит. Його утворення не 

вимагає такого великого переохолодження, як це потрібно для -
фази. 
 Під час високочастотного механічного оброблення може відбува-
тися вирівнювання концентрації V і розкладання -мартенситу. 
Як відомо, на відміну від -мартенситу, поява -мартенситу при-
водить до розм’якшення, а його розкладення  до затвердіння ти-
танових стопів [32]. 
 Крім того, може змінюватися морфологія -мартенситу; він мо-
же набувати голчастої форми і таким чином забезпечувати високий 

рівень зміцнення. Можливі й інші фазові перетворення та трансфо-
рмації дислокаційної структури, оскільки пластична деформація 

стиснення викликає високу щільність дислокацій і накопичення 

внутрішньої енергії [33]. Кількісна аналіза механізмів зміцнення 

показала, що є критичний рівень деформації, нижче якого поси-
лення дислокаціями було домінувальним порівняно з посиленням 

меж зерен [34]. 
 Складний взаємочин між умовами міжшарової деформації та ви-
слідними механічними властивостями адитивно виготовлених ма-
теріялів потребує подальших структурних досліджень із залучен-
ням методу високороздільчої електронної мікроскопії. 

4. ВИСНОВКИ 

1. Незалежно від схеми ініціювання ударів кульками по оброблю-
ваній поверхні, порівнювані ультразвукові устатковини за певних 

оптимальних режимів оброблення можуть забезпечити пониження 

шерсткости, формування стискальних залишкових напружень, 
значне зміцнення, що позитивно впливає на експлуатаційний ре-
сурс оброблених матеріялів і може сприяти довготривалій і безпеч-
ній експлуатації металевих виробів і конструкцій в автомобільній, 
машинобудівній, авіяційній промисловостях та у біомедичних за-
стосуваннях. 
2. Запропонована віброкамера уможливлює одержати як поздовжні 
коливання її дна, так і концентричні коливання стінок, що підви-
щує ефективність стабільного та керованого оброблення деталів і 
вузлів складної форми. У порівнянні з устатковиною ВЧЗК вібро-
камера дає змогу здійснювати експрес-оброблення з обох боків пла-
ских і тонких металевих деталів, наприклад лопатей двигунів або 

компресорів. 
3. Порівняно з мікротвердістю HV100 вихідного зразка стопу ВТ6 

(3,85 ГПа), одержаного гарячим вальцюванням, використані ульт-
развукові устатковини забезпечили зміцнення його поверхні на 

22,6 (4,72 ГПа) і 24,9 (4,81 ГПа) упродовж 4 хв оброблення для 
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ВЧЗК і віброкамери відповідно. Така ріжниця пояснюється форму-
ванням максимальних залишкових стискальних напружень 

(1560 МПа) під час оброблення у віброкамері порівняно з методою 

ВЧЗК (1240 МПа). Подрібнення кристалітів -фази Ti за 4 хв обро-
блення відбувається до приблизно однакового розміру у 1419 нм (у 

вихідному стані  150 нм), тоді як -фаза (у вихідному стані  

174 нм) більш інтенсивно подрібнюється у віброкамері (36 нм), 

аніж за ВЧЗК (63 нм). 
4. Для стопу ВТ6, одержаного селективним лазерним топленням, 
забезпечується зміцнення на 51 (6,61 ГПа) і 46,7 (6,41 ГПа) по-
рівняно із вихідним станом (4,37 ГПа) для ВЧЗК та віброкамери ві-
дповідно, але необхідний час оброблення збільшується до 6 хв через 

наявність стадії ( 3 хв) деформування елементів більш шерсткої 
поверхні. Дрібнозернистість, шаруватість смугастої структури та 

наявність - й -мартенситу, сформованого внаслідок високої 
швидкости охолодження, забезпечують вищі значення мікротвер-
дости СЛТ-зразка у вихідному стані. 
5. Під час оброблення смугаста будова фазових складових і наявні 
міжфазні межі виконують роль стопорів для дислокацій, які ґене-
руються в процесі пластичної деформації, що забезпечує вищий рі-
вень зміцнення та мікротвердости СЛТ-зразків порівняно з ГВ-
зразками незалежно від типу застосованого механічного оброблен-
ня. Також цілком можливі процеси еволюції морфології - та -
мартенситу з подрібненням або перетворенням цих фазових скла-
дових. 
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виконав модифікування поверхні зразків за допомогою УЗУО, взяв 

участь у аналізі результатів, а також виконав редаґування рукопи-
су. М. О. Васильєв проаналізував літературні дані щодо поверхне-
вого оброблення титанових стопів методами деформування поверх-
ні, взяв участь у аналізі результатів. Т. А. Красовський розробив і 
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The effects of fabrication route, heat treatment, and ultrasonic impact 

treatment (UIT) on the microstructure, phase composition, microhardness, 

and residual stresses of AISI 316 stainless steel produced by selective laser 

melting (SLM) and hot rolling (HR) are investigated. The SLM material ex-
hibits a fine cellular structure and higher austenite stability, manifested by a 

lower susceptibility to the deformation-induced    martensitic transfor-
mation compared with the hot-rolled steel. Heat treatment promotes micro-
structural homogenization, residual-stress relaxation, and an increase in the 

-phase fraction. UIT induces intense plastic deformation, refinement of co-
herent scattering domains, and compressive residual stresses. The maximum 

microhardness reaches 7.6 GPa for the hot-rolled steel and 6.7 GPa for the 

SLM material. The stronger hardening of the hot-rolled steel is associated 

with its greater susceptibility to deformation-induced martensitic transfor-
mation. Prior heat treatment significantly affects the response to subsequent 
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UIT, with annealing followed by UIT providing the largest and most stable 

increase in microhardness. The results demonstrate the effectiveness of com-
bining heat treatment and UIT for controlling the structural and phase state 

and mechanical characteristics of AISI 316 stainless steel produced by differ-
ent fabrication routes. 

Key words: AISI 316, additive manufacturing, heat treatment, ultrasonic 

impact treatment, microstructure, phase composition, microhardness. 

Досліджено вплив технології виготовлення, термічного оброблення й уль-
тразвукового ударного оброблення (УЗУО) на мікроструктуру, фазовий 

склад, мікротвердість і рівень залишкових напружень неіржавійної кри-
ці AISI 316, одержаної методою селективного лазерного топлення (SLM) 

та гарячого вальцювання (HR). Матеріял, виготовлений методою SLM, 

характеризується дрібнодисперсною комірчастою структурою та вищою 

стабільністю аустенітної -фази, що проявляється у меншій схильності до 

деформаційно-індукованого мартенситного перетворення    порівня-
но з гарячекатаною крицею. Термічне оброблення сприяє гомогенізації 
мікроструктури, релаксації залишкових напружень і збільшенню частки 

-фази. УЗУО забезпечує інтенсивну пластичну деформацію поверхневого 

шару, зменшення розміру областей когерентного розсіяння та формуван-
ня стискальних напружень. Максимальна мікротвердість сягає 7,6 ГПа 

для гарячекатаної криці та 6,7 ГПа для матеріялу, одержаного методою 

SLM. Вища ефективність зміцнення гарячекатаної криці пов’язана з бі-
льшою схильністю її до деформаційно-індукованого мартенситного пере-
творення. Попереднє термічне оброблення істотно впливає на ефектив-
ність подальшого УЗУО, причому найбільше та найбільш стабільне під-
вищення мікротвердости забезпечує поєднання відпалу з УЗУО. Одержані 
результати підтверджують ефективність комплексного застосування тер-
мічного та поверхневого деформаційного оброблення для керування стру-
ктурно-фазовим станом, мікротвердістю та залишковими напруженнями 

криці AISI 316, виготовленої різними технологічними методами. 

Ключові слова: AISI 316, адитивне виробництво, термічне оброблення, 

ультразвукове ударне оброблення, мікроструктура, фазовий склад, мік-
ротвердість. 

(Received 3 July, 2026; in final version, 22 July, 2026) 
  

1. INTRODUCTION 

Austenitic stainless steels are important structural materials due to 

their high corrosion resistance, excellent processability and non-
magnetic properties [1, 2]. Owing to their high deformability, these 

steels are used to produce vessels for the chemical, energy and food in-
dustries, pipes, capillaries and various complex-shaped components, 
including critical-purpose products [3]. 
 The main grades of austenitic stainless steels include AISI 304, 306, 
316 and 321. These steels are similar in chemical composition and me-
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chanical properties, but differ in the alloying additions that determine 

their service performance. AISI 304, containing 18–20% wt. Cr and 

8–11% wt. Ni, is the most widely used base grade in the chemical and 

food industries. A distinctive feature of AISI 316 is Cr content lower 

by  2% wt. and Ni content higher by  2% wt. together with 2–3% wt. 
Mo. This composition provides much higher corrosion resistance and a 

lower susceptibility to intergranular corrosion; therefore, grade 316 is 

often referred to as ‘marine’ or ‘chemical’ stainless steel. AISI 321 is 

close in composition to AISI 304; however, it contains Ti providing the 

highest heat resistance without loss of corrosion resistance. Owing to 

its high resistance at elevated temperatures and improved weldability, 
it is used for components of military equipment, including aviation 

parts, heat exchangers and related products [2, 4, 5]. 
 As was already mentioned, these austenitic stainless steels reveal a 

similar set of mechanical properties. After quenching, their ultimate 

tensile strength is of 480–580 MPa, yield strength is of 200–250 MPa 

and elongation is of 35–55% [2, 5, 6]. These properties can be effec-
tively modified by deformation and heat treatment. For example, cold 

plastic deformation promotes grain refinement, the development of 

crystallographic texture, and deformation-induced martensite for-
mation, increasing the microhardness from 340 to 540 HV. Depending 

on the processing conditions, the resulting strength reaches 700–1600 

MPa, while the elongation decreases to 2–20%, accompanied by dete-
rioration in corrosion resistance [7, 8]. Multiple equal-channel angular 

pressing of AISI 316 steel refines the grain size to 10–40 nm and in-
creases the yield strength to 1480 MPa; however, these improvements 

are achieved at the expense of high energy consumption [9]. By com-
bining deformation and heat treatment, the microstructural parame-
ters of austenitic stainless steels can be controlled effectively and their 

mechanical properties can be varied over a wide range [10]. 
 Despite these advantages and the possibility of controlling structur-
al properties, phase composition and mechanical characteristics, im-
provement of corrosion resistance remains a key issue for austenitic 

stainless steels. Various surface treatments of steel products are pri-
marily used for this purpose. For example, in Ref. [11], the effect of 

laser surface treatment on the chemical composition, surface morphol-
ogy and corrosion resistance of AISI 304, AISI 316 and AISI 321 steels 

was investigated. A decrease in the concentrations of Cr and Ni and an 

increase in O content at the surface were observed, resulting in differ-
ent corrosion resistance at a certain depth from the surface. The most 

pronounced positive effect was obtained for AISI 321 owing to Ti mi-
gration towards the surface. However, the specimen surface remains 

continuous only after treatment with low laser energies. When the en-
ergy density exceeded 100 J/cm2, cracks appear on the surface, signif-
icantly deteriorating corrosion resistance and fatigue strength. In con-
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trast, deformation-induced surface nanostructuring combined with 

annealing led to Cr enrichment of the treated surface and, consequent-
ly, to a substantial improvement in corrosion resistance. Lei et al. 
showed [12] that a preformed gradient nanostructured (GNS) surface 

layer of 316L stainless steel was subjected to surface mechanical roll-
ing treatment (SMRT) followed by annealing at 700C. Tensile tests 

showed that the strength–ductility ratio is higher for the annealed 

SMRT material, while grain size and hardness of the GNS layer remain 

sufficiently stable. In addition, significant Cr enrichment was detect-
ed for the GNS surface layer after annealing, leading to a considerable 

corrosion resistance enhancement. In Ref. [13], a  20-µm thick 

nanostructured surface layer was formed on a low-carbon steel plate by 

surface mechanical attrition treatment (SMAT). In particular, the au-
thors showed that after SMAT, a much thicker Cr diffusion layer was 

obtained compared to the coarse-grained specimen after chromizing, 

especially at low temperatures. For the SMAT material, the tempera-
ture of chromium-containing compound formation is considerably 

lower and the amount of chromium carbides is higher in comparison 

with its coarse-grained counterpart. Thus, surface mechanical attri-
tion-assisted chromizing of austenitic stainless steels also improves 

corrosion resistance. 
 Other methods of surface alloying and strengthening of austenitic 

stainless steels were actively investigated in recent decades as well, 

including plasma surface alloying [14], electrolytic coating deposition 

[15], thermochemical treatment with simultaneous chromizing and 

nitrocarburizing [16], aluminosiliconizing [17] to name just a few. 

Austenitic stainless steels exhibit superior mechanical performance, 
characterized by high yield and tensile strength, good ductility, excel-
lent fracture toughness, and enhanced fatigue and wear resistance, 

when the modified surface contains a fine-crystalline structure both in 

the base metal and in the coating phases. In particular, oxides, car-
bides or nitrides could simultaneously improve fatigue strength, cor-
rosion resistance and wear resistance. However, it should be noted 

that, under sufficient mechanical loading, such surfaces might fail be-
cause of structural anisotropy. 
 A homogeneous fine-grained microstructure leading to higher cor-
rosion resistance compared to rolled products can be achieved by addi-
tive manufacturing of austenitic stainless steel components [18, 19]. 

For example, wire-arc additive manufacturing (WAAM) of AISI 316L 

steel increases the material strength by 58% and the fatigue strength 

by 10% [20]. Alloy produced by selective laser melting (SLM) reveal a 

finer-grained structure with grain size of 1–5 µm and higher ultimate 

tensile and yield strengths of 650 MPa and 550 MPa, respectively, al-
beit with lower ductility compared with the same alloy manufactured 

by conventional routes such as forging and casting [21]. The reduced 
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ductility of SLM specimens is compensated by their higher strength. 
 Therefore, additively manufactured components made of austenitic 

stainless steels are promising for subsequent surface treatment due to 

fine-grained and homogeneous microstructure. Such treatment should 

not promote grain growth but should refine grains, thereby increasing 

surface hardness and, where possible, enrich the surface with intersti-
tial elements improving the corrosion and wear resistance. Since SLM-
fabricated 316L components reveal an anisotropic cellular structure 

with a high density of dislocations and macrodefects, surface or de-
formation treatment should be combined with thermal annealing [22]. 
 Since printed components usually have complex geometries, the 

choice of post-processing approaches is limited. It should also be con-
sidered that prolonged exposure to high temperatures might be unfa-
vourable for structural modification of additively produced speci-
mens. So, additive manufacturing followed by heat treatment and sub-
sequent ultrasonic impact treatment represents an effective pro-
cessing route for producing austenitic stainless-steel components with 

a homogeneous microstructure and enhanced mechanical and service 

properties. The efficiency of this approach for surface grain refine-
ment and strengthening was demonstrated for metallurgically pro-
duced AISI 321 steel [23]. Another successful example is the combina-
tion of recrystallization annealing at 900C for 1 hour with ultrasonic 

surface modification of AISI 316 steel, which restore ductility while 

maintaining an increased surface microhardness of  400 HV10 [24]. 
 Thus, the aim of the present study is to perform a comparative anal-
ysis of the structural properties, phase characteristics and hardness 

changes of 316L steel produced by metallurgical and SLM routes after 

heat treatment, ultrasonic impact treatment and their combination. 

2. MATERIALS AND METHODS 

Specimens of AISI 316 austenitic stainless steel with the following 

chemical composition [% wt.] were used: Cr, 16–18, Ni, 10–14, Mo, 2–
3, Mn  2, Si  1, Cu  0.75, Fe—balance. Materials produced by two 

routes were investigated: SLM and a conventional route (HR) involving 

melting, formation of rolled stock and production of deformed billets. 
 SLM specimens in the form of parallelepipeds (15 mm in length, 

8 mm in width, and 6.5 mm in height) were fabricated using an Alfa-
150D 3D printer manufactured by ALT. The printer was equipped with 

a 200 W ytterbium fibre laser operating at a wavelength of 1070  2 

nm, with a focused laser beam diameter of 45 µm. The scanning speed 

was 500 mm/s, the powder layer thickness was 25 µm, and the hatch 

spacing was 150 µm. Spherical AISI 316L austenitic stainless-steel 
powder with a particle size range of 15–53 µm was used. To minimize 

oxidation, the specimens were fabricated in an inert argon (Ar) atmos-
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phere [25]. 
 Specimens of deformed AISI 316 stainless steel were produced by a 

standard industrial metallurgical route. The starting components were 

melted in an electric arc furnace, followed by argon-oxygen decarburi-
zation refining to ensure the specified chemical composition in accord-
ance with ASTM A240/A240M requirements for steel products in bar 

form. After refining, the metal was cast into semi-finished products, 
which were subsequently hot rolled and slowly cooled in air. 
 Both types of investigated specimens were subjected to heat treat-
ment; the treatment conditions are given in Table 1 in accordance with 

ASTM A276. 
 AISI 316 stainless-steel specimens were subjected to ultrasonic im-
pact treatment both in the as-received state and after thermal impact. 

The ultrasonic impact treatment (UIT) was carried out in air using a 

UZG-300 device equipped with an impact head containing a cylindrical 
1018 mm striker made of hardened AISI 52100 steel [26]. A single-
contact normal impact-loading mode was used [27]. The amplitude at 

the concentrator end face was 25 µm, and the treatment duration was 

varied from 30 to 300 s. During loading, each specimen received 104–
105

 impacts. 
 Microstructural studies were performed using an iScope IS.1053-
PLMi optical metallographic microscope. Microhardness was measured 

by the Vickers method using an LHVS-1000Z tester under a 100 g load 

and a dwell time of 10 s. 
 X-ray diffraction studies were carried out using a Rigaku Ultima IV 

diffractometer with radiation CuK: 2 range—20–120, step size of 

0.04 and counting time 2 s per point. The PDXL software package and 

the ICDD international diffraction database (PDF-2, 2025) were used 

to analyse the XRD patterns, calculate the coherent scattering domain 

(CSD) size, lattice microstrain () and perform quantitative phase 

analysis. The quantitative phase composition was calculated from the 

integrated intensities of non-overlapping diffraction peaks character-
istic of each phase using Rietveld refinement in PDXL. 

TABLE 1. Heat-treatment conditions for AISI 316 stainless steel. 

SLM alloy 

1 As-received state SLM–0 

2 Annealing at 1050  10C for 30 min followed by furnace cooling SLM–T1 

3 Annealing at 1050  10C for 30 min followed by water quenching SLM–T2 

Deformed alloy (hot rolling) 

4 Initial state HR–0 

5 Annealing at 1050  10C for 30 min followed by furnace cooling HR–T1 

6 Annealing at 1050  10C for 30 min followed by water quenching HR–T2 
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 First-order residual stresses were determined by the sin
2 method 

from the change in the angular position of the -Fe(311) diffraction 

peak at   0, 10, 20, 30 and 40. A Savitzky–Golay function 

was used to smooth the diffraction-peak profiles, and a Sonneveld–
Vissers function was used for background separation. The angular po-
sitions of diffraction peaks were determined from the centre-of-
gravity positions. The data were processed using Rigaku Residual 
Stress Analysis software. 

3. RESULTS AND DISCUSSION 

Figure 1 compares the microhardness and first-order residual-stress 

level of AISI 316 steel produced by two routes, SLM and HR, in the as-
received state (0), after annealing (T1) and after water quenching (T2). 
 In the as-received state, the microhardness of the SLM and HR spec-
imens is close with a value of  2.8–3.0 GPa (Fig. 1, a). This fact indi-
cates a relatively high strengthening level of both studied materials, 

although the mechanisms responsible for their structure formation 

differ substantially. 
 After heat treatment, the microhardness of the SLM specimen 

slightly decreases and remains at about 2.5 GPa for both T1 and T2. By 

contrast, the microhardness of the hot-rolled specimens increases from 

2.8 to approximately 3.0 GPa after HR–T1 annealing and to 3.5 GPa 

after T2 water quenching. This difference can be explained by the dis-
tinct microstructures of the two materials. In the as-built condition, 

the SLM material is characterized by a fine cellular-dendritic micro-
structure and residual stresses formed during rapid solidification 

  
a b 

Fig. 1. Microhardness (a) and first-order residual stresses (b) in AISI 316 

stainless steel produced by selective laser melting and hot rolling in the as-
received state and after heat treatment. 
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(Fig. 1, b). Heat treatment partially relieves these residual stresses 

while preserving the refined microstructure, resulting in only a slight 

decrease in microhardness. 
 For the hot-rolled state, heat treatment may primarily promote re-
covery, stabilization of the subgrain structure and, depending on the 

heat-treatment temperature, recrystallization and precipitation of 

secondary phases, which increases microhardness. The increase in mi-
crohardness after annealing is attributed to the microstructural 
changes induced by heat treatment. Since the residual stresses are 

largely relieved after annealing (Fig. 1, b), the observed strengthening 

is likely associated with microstructural refinement rather than resid-
ual stress effects. In turn, water quenching preserves the recrystal-
lized microstructure and introduces residual stresses that are subse-
quently transformed from tensile to compressive during ultrasonic 

impact treatment. Their magnitude nearly reaches the level typical for 

the as-received SLM material. 
 To identify the specific features of microstructural changes in SLM 

AISI 316 steel in more detail manner, comparison with the convention-
ally deformed material is required. 
 Figure 2, a shows that, in the as-received state, the SLM structure is 

characterized by pronounced anisotropy and elongated overlapping 

melt-pool tracks, which are typical for structure formation during ad-
ditive manufacturing. The boundaries between individual melt tracks 

remain clearly visible, indicating the local nature of the thermal ef-
fect. 
 After annealing (Fig. 2, c), the microstructure becomes considerably 

more homogeneous, and the boundaries between individual melt pool 
regions become less distinct. The pronounced heterogeneity characteris-
tic of the as-built condition is substantially reduced, while localized con-
trast-rich regions remain visible within the microstructure. These 

changes indicate significant microstructural evolution during anneal-
ing and are consistent with recovery and relaxation of residual stresses. 
 After water quenching (Fig. 2, e), the SLM specimens retain more fea-
tures of the as-received structure, which is related to the shorter high-
temperature exposure. The outlines of the melt pool regions become less 

visible, and the structure becomes more homogeneous while retaining its 

fine dispersion. The simultaneous substantial decrease in grain-
boundary contrast also indicates the occurrence of polygonization. 
 Considering the simultaneous changes in microhardness and residu-
al stresses, which will be discussed below, water quenching modifies 

the microstructural and stress state of the material. The XRD patterns 

reveal the coexistence of austenite -Fe and deformation-induced mar-
tensite -Fe, indicating a two-phase    structure. The relative in-
tensities of the - and -phase reflections change with increasing UIT 

duration, reflecting the progressive    deformation-induced mar-
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tensitic transformation. Therefore, the differences in residual stress 

and microhardness between the heat-treated conditions cannot be at-
tributed solely to residual stress relaxation and are also related to 

changes in phase composition and microstructure. 
 The hot-rolled material in the as-received state (Fig. 2, b) exhibits a 

pronounced banded morphology, with elongated grains or structural 
regions oriented predominantly along the rolling direction. Distinct 

  

  

  

Fig. 2. Microstructure of AISI 316 stainless steel produced by selective laser 

melting (a, c, e) and hot rolling (b, d, f): as-received state (a, b), after anneal-
ing (c, d), after water quenching (e, f). 
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dark contrast features are distributed within the elongated regions 

and locally concentrated near their boundaries. 
 After annealing (Fig. 2, d), the banded structure is largely retained, 

while the grains remain relatively intact and locally exhibit an increase 

in size. This is reflected by an approximately 1.5–2-fold increase in the 

apparent grain width, accompanied by changes in the morphology and 

continuity of the intergranular regions. The dispersed contrast fea-
tures observed in the as-received condition become less pronounced af-
ter annealing, indicating significant microstructural evolution during 

heat treatment. The low level of residual stresses after annealing 

(Fig. 1, b) indicates substantial stress relaxation during the heat-
treatment process. 
 After water quenching (Fig. 2, f), the microstructure of the AISI 

316 stainless steel exhibits features intermediate between those ob-
served in the as-received and annealed conditions. The heat treatment 

results in an increase in the apparent grain width and makes some 

grain boundaries more distinct, while regions with less distinct bound-
aries remain visible. The water-quenched condition is also character-
ized by a relatively high level of compressive residual stresses, compa-
rable to that measured in the as-received SLM material (Fig. 1, b). The 

simultaneous increase in microhardness and development of compres-
sive residual stresses indicate a pronounced change in the mechanical 
and stress state of the surface layer after water quenching. 
 Heat treatment promotes structural changes in both types of the in-
vestigated material; however, the effect varies to the different mecha-
nisms of initial microstructure formation. In the SLM material, owing 

to the higher grain dispersion and the initially high level of compres-
sive stresses, recrystallization processes, particularly grain-growth 

recrystallization, proceed more rapidly. In the hot-rolled material, 

these processes occur more slowly and are less pronounced due to the 

stable textured structure. 
 Figure 3 shows fragments of XRD spectra and the results of quanti-
tative phase analysis of AISI 316 stainless steel produced by selective 

laser melting and hot rolling in the as-received state and after heat 

treatment. 
 In the as-received state (Fig. 3, a), the austenitic -phase predomi-
nates in the both cases. Its content is  99% for the HR specimen and 

 93% for the SLM specimen. The results indicate partial martensite 

formation during selective laser melting caused by the high thermal 
gradients and substantial internal stresses typical for additive manu-
facturing. 
 After annealing (Fig. 3, b), the SLM material exhibits a pronounced 

increase in the -austenite fraction, reaching approximately 98%. The 

XRD patterns show a dominant -Fe phase, while the contribution of 

the -Fe phase is substantially reduced after annealing. This phase re-
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distribution is accompanied by a reduction in residual stresses, indi-
cating significant microstructural and stress-state changes during 

heat treatment. The -phase also predominates in the hot-rolled mate-
rial after annealing. 
 The most significant phase composition modification occurs after 

water quenching (Fig. 3, c). In the both cases, the amount of -phase 

increases while the fraction of austenite decreases accordingly. How-
ever, the rate of these changes strongly depends on the fabrication 

route. In the hot-rolled specimen, the -phase fraction increases to 

37%, whereas the -phase content decreases to 63%. In turn, for the 

SLM specimen, these changes are less pronounced: the -phase content 

is of 21%, while the -phase fraction remains at 79%. This fact indi-
cates higher stability of the austenitic structure in the material pro-
duced by selective laser melting. 
 Thus, substantial differences in the phase composition of AISI 316 

  

  

Fig. 3. XRD patterns of AISI 316 stainless steel produced by selective laser 

melting and hot rolling: as-received state (a), after annealing (b), after water 

quenching (c), and quantitative phase composition after different production 

and treatment routes (d). 



876 S. M. VOLOSHKO, I. A. VLADYMYRSKYI, M. I. ANYAKIN et al. 

steel depending on the fabrication route are achieved after the heat-
treatment stage. The material produced by selective laser melting 

demonstrates higher stability of the austenitic phase and a lower ten-
dency to phase transitions, whereas the hot-rolled steel is character-
ized by a higher -phase fraction after heat treatment and higher sen-
sitivity to subsequent deformation strengthening. 
 Since the phase composition, structural defectiveness and internal-
stress level determine the response of the material to external defor-
mation, the efficiency of ultrasonic impact treatment can also be ex-
pected to depend strongly on the structural state formed during heat 

treatment stage. Therefore, the next step of the study examined the 

effect of ultrasonic impact treatment and the combined effect of heat 

treatment and UIT on microhardness, surface morphology, phase com-
position, coherent scattering domain size and residual stresses of AISI 

316 steel produced by selective laser melting and hot rolling. 
 Figure 4 shows the change in microhardness of AISI 316 steel after 

different treatment regimes. 
 All T0, T1 and T2 specimens exhibit a nonmonotonic change in mi-
crohardness with increasing UIT duration. For specimens not subject-
ed to heat treatment (T0), the microhardness varies in an oscillatory 

manner with UIT time. For the SLM case, the hardness increases rapid-
ly to a maximum of 6.5 GPa after 80 s, and then sharply decreases to 

4.5 GPa at 120 s, with the following increase up to 6.4 GPa at 210 s and 

final decrease to 5 GPa. For the HR specimen (T0), strengthening oc-
curs in two stages: up to 6.5 GPa after 60 s of UIT and up to 7.6 GPa 

after 120 s, followed by a sharp decrease in hardness to 4.5 GPa. This 

behaviour can be associated with efficient accumulation of crystal-
lattice defects, refinement of structural features and formation of a 

  

Fig. 4. Microhardness of AISI 316 stainless steel produced by selective laser 

melting (SLM, a), and hot rolling (HR, b) as a function of ultrasonic impact 

treatment duration. 
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strain-hardened surface layer at the initial stages of UIT, followed by 

the onset of relaxation processes. 
 After annealing according to the T1 and T2 regimes, the initial mi-
crohardness values of the SLM specimens decrease relative to the T0 

state due to relaxation of internal stresses and partial structural re-
covery. At the following stage, UIT leads to significant increase in mi-
crohardness. For the SLM–T1 condition, the strengthening maximum 

is delayed compared to T0 and reaches 6.7 GPa after 120 s of the 

treatment, followed by a gradual decrease. The HR–T1 condition is po-
tentially the most stable: the hardness rapidly increases to 7.6 GPa af-
ter only 60 s of the treatment and remains at a high level of 6.0–
6.4 GPa up to 240 s. 
 After water quenching (T2), the microhardness behaviour differs 

depending on the production procedure. The SLM–T2 sample shows 

the poorest stability. Strengthening proceeds very slowly, reaching 

only 5.06 GPa at a UIT duration of 180 s, and decreases to 3.1 GPa at 

the final stage of the treatment (240 s), which is an indicator of com-
plete annealing and recrystallization. The hot-rolled stainless steel 
(HR–T2) is characterized by a monotonic increase in microhardness 

already at the initial stages of UIT, with a maximum value of 5.3 GPa 

after 120 s, followed by stabilization at this. 
 Comparison of thermal and deformation effects on the microhard-
ness of stainless steel produced by selective laser melting and hot roll-
ing allows to found that the HR steel exceeds the SLM steel in maxi-
mum strengthening capacity: the maximum microhardness of HR ma-
terial reaches 7.6 GPa (T0 and T1 conditions), while, for SLM, it does 

not exceed 6.7 GPa (T1 condition). The higher maximum microhard-
ness of hot-rolled specimens, especially after annealing, associated 

with more effective strain hardening and formation of a finely dis-
persed substructure during UIT. In contrast, SLM specimens show a 

smaller increase in microhardness during UIT, caused by the specific 

cellular–dendritic structure and residual stresses formed during addi-
tive manufacturing. 
 Regarding the treatment duration required to achieve the maximum 

hardness, the hot-rolled steel (HR–T1) responds much faster, reaching 

its peak after 60 s of ultrasonic impact treatment, whereas the SLM–
T1 specimen requires 120 s to attain a comparable strengthening ef-
fect. It can be concluded that for AISI 316 steel produced by both SLM 

and HR, annealing with a furnace cooling (T1) is considerably more 

effective for subsequent ultrasonic strengthening since it creates pre-
requisites for phase or dispersion strengthening. In contrast, water 

quenching (T2) makes the matrix excessively prone for rapid recrystal-
lization during UIT. 
 Figure 5 demonstrates the effect of ultrasonic impact treatment 

(UIT) on the surface morphology of selective laser melted and hot-



878 S. M. VOLOSHKO, I. A. VLADYMYRSKYI, M. I. ANYAKIN et al. 

rolled AISI 316 steel in the as-received state and after heat treatment, 

with all specimens shown after the UIT duration that produced the 

maximum increase in microhardness. 
 The SLM specimens have a specific highly dispersed initial struc-
ture, including submicron solidification cells and remnants of the 

melt-track boundaries, which respond differently to deformation de-

  

  

  

Fig. 5. Surface morphology of AISI 316 stainless steel produced by selective 

laser melting (a, c, e) and hot rolling (b, d, f) after heat treatment and UIT 

with duration that provides the maximum microhardness (Fig. 4): T0  UIT 

(a, b), annealing, T1  UIT (c, d), water quenching, T2  UIT (e, f). 
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pending on the heat treatment. In the T0  UIT condition, a very fine, 

heterogeneous surface morphology is observed. The high initial defect 

density after 3D printing restricts dislocation motion. Thus, the de-
formation relief after UIT is strongly fragmented and rough, without 

pronounced linear features. T1 annealing partly relieves internal 
stresses and homogenizes the structure. After T1  UIT, the surface 

appears more uniformly deformed and exhibits somewhat larger mi-
crorelief features, suggesting a more extensive plastic flow during 

UIT. After T2  UIT, a fundamental change in morphology is observed. 
A directional texture with numerous parallel deformation traces (slip 

bands) is clearly visible on the surface. Water quenching brings the 

steel to a highly plastic austenitic state, allowing the metal to deform 

intensively under the impacts of the UIT striker and to form a pro-
nounced textured relief. 
 The conventionally deformed metal is characterized by a more mac-
roscopically homogeneous initial structure and different grain mor-
phology. In the T0  UIT condition, the surface appears as a heavily 

work-hardened rolled structure. Ultrasonic treatment produces a cha-
otic fine-grained relief caused by superposition of UIT-induced plastic 

deformation of the matrix already deformed by rolling. After T1 an-
nealing, recrystallization occurs and the hardening induced by rolling 

is removed. Subsequent UIT of this stress-relieved surface forms a rel-
atively uniform, smooth microrelief with distinct boundaries of local 
plastic-deformation regions. The quenched rolled steel surface after 

UIT shows pronounced structural fragmentation. Visually, it appears 

the darkest and most finely dispersed, indicating formation of an ul-
trafine or nanostructured sublattice in the near-surface layer because 

of a high degree of deformation of quenched austenite. 
 Figure 6 presents the XRD analysis results. The fragments of the 

XRD patterns (Fig. 6, a, b) contain typical reflections from austenite -
Fe(111), martensite -Fe(110) and -Fe(200). After UIT, the intensity 

of the -Fe(110) peak gradually increases, especially for the hot-rolled 

material, indicating development of the    deformation-induced 

martensitic transformation under cyclic impact loading. For the SLM 

specimens, the changes in the peak intensity are less pronounced, sig-
nalizing a higher stability of the austenitic structure. 
 For the SLM material (Fig. 6, c), the CSD size gradually decreases 

from  32 nm and  22 nm for -Fe and -Fe, respectively, to 12 nm and 

6 nm. For the hot-rolled material (Fig. 6, d), the CSD size of the -phase 

decreases from 17 to 12 nm during the initial stages of treatment and 

then increases to 30 nm with increasing treatment duration. The CSD 

size of the -phase remains nearly unchanged up to 180 s before also 

increasing to approximately 30 nm. These changes reflect the evolu-
tion of the coherently diffracting domain structure during UIT and are 

consistent with the accumulation of lattice defects at the initial treat-
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ment stages, followed by their rearrangement during continued de-
formation. 
 For the SLM material (Fig. 6, e), the austenitic phase remains domi-

  

  

  

Fig. 6. Fragments of XRD patterns (a, b), CSD size (c, d), and quantitative 

phase composition (e, f) as a function of ultrasonic impact treatment of AISI 

316 stainless steel produced by selective laser melting (a, c, e) and hot rolling 

(b, d, f). 
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nant throughout the treatment cycle; its content decreases only from 

99 to 82%. A different behaviour is observed for the hot-rolled mate-
rial (Fig. 6, f). After only 60 s of UIT, the -phase fraction decreases 

sharply from 99% in the initial state to 20%. The phase composition 

then stabilizes, indicating considerably lower austenite stability after 

hot rolling and a high susceptibility to deformation-induced marten-
sitic transformation. 
 For the SLM material (Fig. 7), the level of compressive residual 
stresses rapidly increases after UIT. The maximum value is reached 

after 60 s and is approximately 250 MPa. Subsequently, the stresses 

gradually relax to about 88 MPa after 240 s. In the hot-rolled materi-
al (Fig. 7), the initial state is characterized by tensile stresses; UIT 

produces compressive stresses in the surface layer after 180 s of 

treatment at a level of 100 GPa. 
 Formation of compressive stresses is accompanied by intensive mar-
tensitic transformation and strengthening of the surface layer. 
 These results agree well with the microhardness measurements. For 

the SLM specimens, the increase in microhardness after UIT is mainly 

associated with accumulation of compressive residual stresses and dis-
location strengthening, while the contribution of martensitic trans-
formation remains limited due to the high austenite stability. For the 

hot-rolled material, the dominant strengthening mechanism is the in-

 

Fig. 7. Residual stress evolution as a function of ultrasonic impact treatment 

duration for AISI 316 stainless steel produced by selective laser melting and 

hot rolling. 
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tensive    deformation-induced transformation, accompanied by a 

sharp increase in the martensite fraction and formation of compressive 

stresses. This is why the structural and microhardness changes after 

UIT are much more pronounced for the hot-rolled material compared to 

the AISI 316 stainless steel produced by selective laser melting. 
 Figure 8 shows XRD patterns, calculated changes in quantitative 

phase composition, coherent scattering domain size and first-order 

stresses for AISI 316 stainless steel produced by SLM and HR after an-
nealing and subsequent ultrasonic impact treatment. The XRD pat-
terns (Fig. 8, a, b) reveal diffraction peaks corresponding to austenite 

-Fe(111) and (200), as well as deformation-induced martensite -
Fe(110). With increasing UIT duration, the intensity of the -Fe re-
flections gradually increases, suggesting the progressive    defor-
mation-induced martensitic transformation. Simultaneously, diffrac-
tion peak broadening is observed, indicating a reduction in the size of 

coherently diffracting domains and/or an increase in lattice mi-

  

  

Fig. 8. Fragments of XRD patterns (a, b), change in CSD size (c, d), and 

change in quantitative phase composition (e, f) in AISI 316 stainless steel pro-
duced by selective laser melting (a, c, e) and hot rolling (b, d, f) after anneal-
ing (T1) and ultrasonic impact treatment. 
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crostrain associated with plastic deformation of the surface layer. 
 For SLM AISI 316 steel (Fig. 8, c), the CSD size of the austenitic -Fe 

phase sharply decreases from  145 nm in the initial state to 55 nm af-
ter only 60 s of UIT. Further increase in treatment duration does not 

cause additional CSD refinement. For -martensite in the initial state, 

a somewhat smaller CSD size of  125 nm is observed; after UIT during 

60 s, as for -Fe, the CSD size also sharply decreases. 
 For HR AISI 316 steel (Fig. 8, d), the CSD-size variation at the ini-
tial deformation stages is similar: the CSD sizes of -Fe and -Fe de-
crease sharply from 140 nm and 162 nm in the initial state to 18 nm 

and 58 nm after 60 s of UIT. Increasing the UIT duration leads to a 

gradual increase in the -Fe CSD size to 40 nm, whereas the -Fe CSD 

size continues to decrease and remains at  20 nm after 120 s of the 

treatment. 
 The quantitative phase analysis results (Fig. 8, e, f) show a gradual 
decrease in the -phase fraction and a corresponding increase in the -
martensite content with increasing UIT duration for both fabrication 

routes of AISI 316 stainless steel. 
 For the SLM specimens (Fig. 8, e), the austenite content decreases 

from  95% to  80%, while for the HR material (Fig. 8, f) -phase 

formation is much more intensive: the -phase content decreases from 

 79% to  38% after 180 s of UIT. The higher amount of the formed 

-phase indicates a higher tendency of the rolled structure to form 

martensite. 
 The first-order residual stresses in AISI 316 stainless steel produced 

by selective laser melting and hot rolling after annealing and subse-
quent ultrasonic impact treatment are shown in Fig. 7. For the SLM 

steel after T1 annealing, tensile stresses of  250 MPa are registered. 
After UIT, compressive stresses with a maximum value of  150 MPa 

  

Continuation of Fig. 8. 
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are formed in the surface layer after 120 s of the treatment, followed 

by the partial relaxation. For HR specimens, minimum stress values 

are also observed near 120 s of the treatment; however, their absolute 

magnitude is somewhat lower ( 120 MPa) and further treatment de-
creases the level of compressive stresses. 
 Figure 9 presents the XRD results for AISI 316 stainless steel after 

water quenching (HT-2) and subsequent ultrasonic impact treatment. 
The evolution of quantitative phase composition, CSD size, and first-
order stresses as a function of deformation-treatment duration is shown. 
 The fragments of the XRD patterns (Fig. 9, a, b) identify (111) and 

(200) diffraction peaks from the austenitic -Fe phase and (110) peak 

from martensitic -Fe. With increasing UIT duration, the intensity of 

the -Fe(110) diffraction peak increases, indicating development of 

the    deformation-induced transformation. 
 For SLM AISI 316 steel, the austenite to martensite transformation 

  

  

Fig. 9. Fragments of XRD patterns (a, b), change in CSD size (c, d), and 

change in quantitative phase composition (e, f) in AISI 316 stainless steel pro-
duced by selective laser melting (a, c, e) and hot rolling (b, d, f) after water 

quenching (T2) and ultrasonic impact treatment. 
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occurs less intensively compared to the HR steel, indicating a lower 

tendency of the structure after water quenching (HT–2) to undergo 

martensitic transformation under deformation. 
 For the SLM specimen after water quenching (Fig. 9, c), the CSD size 

of austenitic -Fe sharply decreases from  130 nm in the initial state 

to 45 nm after 60 s of treatment. Further increase in treatment dura-
tion does not lead to a significant decrease in CSD size. The CSD size of 

-Fe remains substantially smaller ( 25 nm) and does not change with 

increasing treatment duration. For HR AISI 316 steel (Fig. 9, d), the 

CSD-size variation during UIT is similar. 
 The quantitative phase composition of AISI 316 stainless steel pro-
duced by different routes was determined from the XRD results (Fig. 
9, e, f). For the both fabrication routes, after water quenching (T2) and 

ultrasonic impact treatment, the -Fe content decreases with increas-
ing UIT duration. For the SLM specimens (Fig. 9, e), the -phase con-
tent decreases from  99% to  76% after 240 s of UIT. The process oc-
curs gradually, indicating relatively high austenite stability after wa-
ter quenching. In the hot-rolled specimens (Fig. 9, f), martensitic 

transformation is much more intensive: the -phase fraction decreases 

from 86% to 40% after 240 s of the treatment. 
 UIT after water quenching induces compressive residual stresses in 

the surface layer (Fig. 7). For the SLM specimens, tensile residual 
stresses of approximately 230 MPa are present after water quenching; 
after 60 s of UIT, they change sign and become compressive (185 MPa). 
With further increasing treatment duration, the residual stress values 

change in a non-monotonic manner, which may be associated with local 
heating and stress relaxation during continued deformation. For the 

hot-rolled AISI 316 steel, this effect is considerably more pronounced: 

compressive residual stresses exceed 550 MPa after 120 s of UIT, in-
dicating severe plastic deformation of the surface layer. 

  

Continuation of Fig. 9. 
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 These results show that, after water quenching, subsequent ultrason-
ic impact treatment causes formation of deformation-induced -Fe 

martensite, reduction of the CSD size of the austenitic phase at the ini-
tial stages of UIT and accumulation of compressive residual stresses. 
 At the same time, SLM-produced AISI 316 steel exhibits higher aus-
tenite stability, while the HR material is characterized by more inten-
sive martensitic transformation and formation of higher compressive 

stresses. 

4. CONCLUSIONS 

AISI 316 stainless steel produced by selective laser melting exhibited 

higher stability of the austenitic -phase during UIT, manifested by a 

less pronounced    deformation-induced martensitic transfor-
mation and a different microhardness evolution compared with the 

hot-rolled material. This behaviour is attributed to the cellular-
dendritic microstructure and residual stresses characteristic of the 

SLM process. 
 Hot-rolled specimens are characterized by a much more intensive 

martensitic transformation during UIT, accompanied by a substantial 
increase in the -phase fraction and formation of higher compressive 

residual stresses. These factors provide the maximum microhardness 

values after 120 s of the treatment. At the same time, after the optimal 
UIT duration exceeded, partial stress relaxation and phase-
composition stabilization are observed; this slows slowing down the 

further strengthening. 
 Analysis of coherent scattering domain size changes showed that 

short-term UIT reduces the CSD size of the -phase, indicating refine-
ment of the coherently diffracting domains during the initial stages of 

plastic deformation. 
 Combining water quenching with UIT increases the susceptibility of 

the material to deformation-induced martensitic transformation and 

promotes the formation of higher compressive residual stresses. This 

effect is more pronounced for the hot-rolled material. In SLM speci-
mens, austenite remains more stable even after water quenching, con-
firming the distinct microstructural characteristics of additively 

manufactured AISI 316 stainless steel. 
 Thus, the efficiency of ultrasonic impact treatment is governed by 

the initial structural state of the material. Hot-rolled AISI 316 steel 
shows reveal more intensive deformation strengthening and marten-
sitic transformation after UIT, whereas while the steel produced by 

selective laser melting is characterized by higher austenite stability 

and slower kinetics of changes in phase composition, microhardness 

and residual stresses. 
 This work was performed within the framework of budget-funded 
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Gradient Metals’ Microstructure Change under Severe Plastic 

Deformation: A Review 

I. E. Volokitina, A. V. Volokitin, T. D. Fedorova, E. N. Reshotkina, 

and G. M. Zhumanazarova  

Karaganda Industrial University,  
30 Republic Ave.,  
KZ-101400 Temirtau, Republic of Kazakhstan 

Research of gradient-structure conditions in metals is rapidly developing 

area of materials science providing opportunities for creation of materials 

with unique properties. Long products such as bars and wires are of special 
interest here as combination of harder surface layer and softer inner part 

within them allows optimizing a number of mechanical properties. Such gra-
dient shift provides higher durability due to hard outer layer, efficient load 

distribution across the section, reducing stress concentration in critical 
points and, more importantly, increasing overall product plasticity. In case 

of sudden impact, e.g., a hit, softer inner layer may absorb the energy, pre-
venting breakdown. This review study looks into various methods of obtain-
ing gradient metals, mainly based on severe plastic deformation. Their influ-
ence on metal-materials’ microstructure and properties as well as most effi-
cient areas of application for some of them are studied. 

Key words: gradient metals, severe plastic deformation, microstructure. 

Дослідження умов ґрадієнтної структури металів є галуззю матеріялоз-
навства, що швидко розвивається та відкриває можливості для створення 

матеріялів з унікальними властивостями. Особливий інтерес тут предста-
вляють довгі вироби, такі як прутки та дріт, оскільки поєднання твердого 

поверхневого шару та м’якої внутрішньої частини дає змогу оптимізувати 
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ряд механічних властивостей. Такий ґрадієнтний зсув забезпечує вищу 

міцність завдяки твердому зовнішньому шару, ефективному розподілу 

навантаження по перерізу, зменшенню концентрації напружень у крити-
чних точках і, що більш важливо, підвищенню загальної пластичности 

виробу. У разі раптового впливу, наприклад удару, м’якший внутрішній 

шар може ввібрати енергію, запобігаючи руйнуванню. У цьому оглядово-
му дослідженні розглядаються різні методи одержання ґрадієнтних мета-
лів, головним чином, на основі сильної пластичної деформації. Вивчаєть-
ся їхній вплив на мікроструктуру та властивості металевих матеріялів, а 

також найбільш ефективні області застосування деяких з них. 

Ключові слова: ґрадієнтні метали, сильна пластична деформація, мікро-
структура. 

(Received 25 February, 2025; in final version, 13 May, 2025) 
  

1. INTRODUCTION 

Gradient materials are specific group of materials distinguished by 

smooth controlled change of chemical composition or microstructure 

properties by volume. This is not random non-homogeneity but special-
ly created gradient intentionally imbedded in material structure in or-
der to achieve specific properties. Unlike traditional homogeneous ma-
terials, whose properties are consistent throughout the volume, gradi-
ent materials express gradual shift from one phase or composition to 

another one. This approach provides massive opportunities for crea-
tion of materials with unique properties unachievable with traditional 
methods [1−3]. 
 The notion of gradient materials was mentioned in international sci-
entific periodicals for the first time in history in 1972, when Massa-
chusetts Institute of Technology published results of a brainstorm by 

metallurgist M. B. Bever [4, 5]. Although Bever’s study was financed 

by USA’s Advanced Research Project Agency, immediate activities did 

not follow. Only ten years later, gradient metal alloys program in 

Michigan Technical University in Houghton, MI resulted in a number 

of publications and reports in conferences. Meanwhile, national pro-
gram of commercial supersonic space shuttle development started in 

Japan; thermal barrier coating development for this ambitious project 

became an objective for an enormous research program and gradient 

material studies. First results were published only in Japanese, then 

occasionally in other international periodicals and conferences. The 

program quickly took off and had impressive results, which were 

shown in 50 of 70 reports in First International Symposium in Sendai 
in 1990. At the same time, some laboratories in Germany, Switzerland, 
France, Belgium, and Finland started independent studies, including 

ones on gradient material structure. 
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 Gradient-materials’ area of use is incredibly wide, including metals, 
ceramics, polymers, composites and even biomaterials [6−11]. For ex-
ample, gradient can be used in metal alloys for mechanical strength and 

durability increase. Take an example of casehardened steel: surface 

layer is enriched with carbon, which provides high strength and dura-
bility, while the inner layer remains plastic and impact viscosity. This 

smooth transition between hard and soft layer prevents cracking and 

increases overall reliability of the detail. Similar effect is achieved with 

steel nitridation, where nitrogen diffuses into surface layer, forming 

nitride phases increasing corrosion resistance and wearability. 
 Welding seams, although not always designed as gradient materials, 

often show gradients of composition and microstructure due to weld-
ing process peculiarities. Alloy elements segregation, uneven phase 

distribution and grain size change are possible, which may significant-
ly influence seams’ mechanical properties. Special welding and further 

treatment technologies are used to minimize these negative effects. 
 Ceramic materials also can be modified using gradient technology. 
For example, creation of porosity gradient allows controlling material 
strength and thermal conductivity. Higher porosity may be necessary 

in some areas for less weight, lower porosity to provide necessary 

strength in other areas of component [12]. 
 Material surface hardening using ion exchange or ion implantation 

is another example of successful gradient technology application. Ion 

implantation allows implementing alloy element atoms into surface 

layer of material, creating concentration gradient. This leads to sur-
face physical-mechanical properties change, for example, strength and 

durability increase [13]. 
 Semi-conductor technologies include multiple examples of gradient 

structures. Classical p–n-transition in diodes and transistors is basi-
cally a gradient structure with smooth change of charge carriers’ con-
centration. More modern semi-conductor devices use much more com-
plex gradient structures to control current and voltage properties [14]. 
 Gradient-materials’ application in materials science is caused by in-
ability of most monolithic materials to resist different types of loads 

simultaneously. This includes mechanical (rupture, compression, 
bending, fatigue), thermal (high or low temperatures, temperature 

gradients), chemical (corrosion, oxidation, aggressive environments) 
and even radiation loads. Engineering objective becomes more compli-
cated considering additional criteria such as environmental safety, 

raw material availability and cost, reuse and recycle possibilities, and, 
in case of medical or bioengineering use, biocompatibility. 
 Gradient materials suggest fundamentally different approach. In-
stead of rapid transition from one material to another, a smooth tran-
sition in properties from core to coating is created [15−17]. This is 

achieved through controlled change of material chemical composition, 
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structure or microstructure in the intended direction. This approach 

allows minimizing inner tensions at the separation line and provides 

strong cohesion between different zones of the material. As a result, 

high reliability and longevity of the whole structure are achieved. Var-
ious methods are used for gradient-materials’ creation: spraying, dif-
fusion sintering, selective laser sintering, etc. Method selection de-
pends on specific material and required properties. Gradient transition 

may deal with not only chemical composition but also microstructure 

(for example, grain size), which allows to manage material mechanical 
properties more flexibly. Gradient-materials’ study is a promising area 

of contemporary material science allowing creating highly reliable and 

durable components for various engineering areas. Further research is 

concentrated on developing new methods of gradient materials crea-
tion, their properties modelling and structure optimization to achieve 

maximum efficiency in specific areas of application [18−20]. 
 In conclusion, it can be said that gradient materials are promising 

area in material science bringing new possibilities for creation of ma-
terials with unique pre-designed properties outperforming those of 

traditional materials. Continuous technology development allows cre-
ating even more complex and efficient gradient structures, expanding 

their area of application in different spheres of science and engineer-
ing. Research in this area continues, leading the way to new discover-
ies and innovations. 

2. OBTAINING GRADIENT MICROSTRUCTURE THROUGH 

SEVERE PLASTIC DEFORMATION METHODS 

Contemporary technologies allow managing properties’ anisotropy in-
tentionally in such processes as drawing and rolling. Change of tense-
deformed state may create functional gradients of properties, which is 

especially important for creation of materials, which should possess 

various properties depending on terms of use. For example, in aircraft 

and vehicle industry, it is important to have materials capable of taking 

high loads in some areas and remain light and flexible in others [21]. 
 Recent years have seen active development of severe plastic defor-
mation (SPD) methods with size reduction of microstructure in specif-
ic areas of processed material [22−30]. These methods allow improving 

materials’ strength properties significantly at a sufficient level of 

plastic deformation. Besides, it should be notes that, with development 

of nanotechnologies and nanolevel processing methods, possibilities of 

materials’ structure and properties management vary even more. This 

creates new ways of creating high-functional materials, which can be 

used in various areas, from medicine to electronics. 
 SPD technologies have a number of attractive features allowing to 

obtain materials with ultrafine-grain structure and improved mechan-
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ical properties, such as higher strength, hardness, and plasticity 

[31−35]. At first sight, it seems that SPD should become commonly 

used, considering its advantages. However, its wider practical use is 

limited by a number of significant obstacles. 
 One of main reasons is necessity to apply ultrahigh pressure 

(5−6 GPa and higher) to achieve desired gradient ultrafine-grain struc-
ture. Such pressures create extreme equipment load, causing its faster 

wearing and, subsequently, higher production costs. Development and 

application of stronger long-life instruments capable of resisting such 

loads is one of key objectives for wider SPD use. Research in this area 

includes development of new instrumental materials, use of innovative 

coatings and perfection of press equipment structures [36−39]. 
 The second serious barrier is lack of available practice-oriented refer-
ence literature describing SPD principles and methods. Lack of detailed 

manuals and recommendations on technological processes development 

impairs SPD implementation in industry. Engineers lack information to 

develop optimal processing modes, selection of proper equipment and 

product quality control. Effort is required to arrange knowledge on 

SPD, create learning guides, write review articles and organize special 
extension courses for engineering and technical personnel. 
 The third limiting factor is necessity to reconsider all technical-
economical concept of production and sales of products obtained using 

SPD. Despite better properties, ultrafine-grain materials may require 

changes of existing technological chains, which cause higher expenses. 
This requires complex analysis of costs and benefits from SPD imple-
mentation considering not only equipment and instruments cost but 

also potential rise of product quality and competitiveness. 
 Manufacturers’ conservatism and unwillingness to give up tried-
and-tested technological processes also stops wide use of SPD. Transi-
tion to new technology is always connected to risks and requires signif-
icant investments. To overcome this obstacle, massive awareness-
building effort should be done among manufacturers in showing SPD 

advantages providing consulting assistance with new technologies im-
plementation. 

2.1. Methods for Obtaining Limited Length Billets 

There are many ways to obtain gradient microstructure in limited 

length billets through methods. The most popular method of obtaining 

gradient microstructure is high-pressure torsion (HPT), where shear-
ing deformation occurs in flat cylindrical samples. In the process sam-
ple is placed between two punches and deformed by rotating one punch 

or rotating both punches in opposite directions (Fig. 1, left) [40, 41]. 
 In the first version, (unlimited) sample may flow radially between 

punches. Radial deformation here is limited by only internal friction 
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and friction between the sample and the punch. In this version, sample 

thickness reduces and diameter increases. Sample thickness in ‘limited’ 
version is constant throughout the process. Thus, a distinctive radial 
deformation gradient occurs depending on number of rotations (Fig. 2). 
 Accumulated shear deformations rapidly increase radially from disc 

centre at first, but at longer distances become more linear. Formed mi-
crostructures show these gradients in grain size and shape [41]. 
 At the beginning of HPT, as a rule, laminated structures are formed 

which turn into equiaxial structures as deformation increases due to 

grain fragmentation, starting from the edge of sample. Average grain 

size also initially grows from the edge to the centre of the sample. At 

enough elongation, saturated grain size is reached, when further de-
formation does not cause structural changes. Thus, highly homogene-
ous microstructures may be obtained in HPT samples after enough ro-

 

Fig. 1. High-pressure torsion: instruments and operating principle (left, 
[40]), and difference between ‘limited’ and ‘unlimited’ HPT (right, [41]). 

 

Fig. 2. Comparative deformation (left [41]) and accumulated shear defor-
mation (right [42]) depending on radius and number of rotations. 
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tations [41, 43]. 
 Another widespread method is equal-channel angular pressing 

(ECAP). Its idea is the following: a billet is extruded through fitting 

rig along two channels with the same cross sections crossing at 

90−135°. After each pass, the billet is rotated along its axis by 180° 

(Fig. 3). Deformational impact of ECAP creates various defects of alloy 

crystals, changing material microstructure. As a result, there is con-
secutive decrease of grain size due to formation of grid of small-angle 

boundaries and, then, large-angle boundaries. The advantage is that 

ECAP can be repeated several times without billet size change, and ap-
plied tension can be increased to any level. 
 Besides, critical shear instability may be caused by deformation di-
rection change, for example, when switching from regular shear (at 

ECAP) to variable loading with axial compression–extension (at fa-
tigue) (Fig. 4, b). Depending on grain boundaries stability in shear 

 

Fig. 3. Equal-channel angular pressing layout [44]. 

 

Fig. 4. Alternative models of shear bands formation in UFG materials: local 
grain coarsening spreading along the shear (a); shear band formation through 

deformation mode change and following coarsening [45] (b). 
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band grain coarsening caused by deformation may occur. 

2.2. Methods of Obtaining Long Billets 

However, the abovementioned methods practically cannot be used to 

obtain long billets in industrial conditions. Thus, research of gradient-
structure conditions in metal materials is a rapidly developing area of 

contemporary material science. Long products such as bars and wires, 
where combination of hard surface layers and soft core provides 

unique set of mechanical properties, are of special interest. Such archi-
tecture allows increasing wearability significantly, evenly distribute 

loads across bar section and, subsequently, increase overall plasticity 

and breakdown resistance. This is especially important for details 

working under high friction or impact loads. 
 ‘Conform’ method based on SPD principles is used in electrotech-
nical industry for making heavy-duty copper busbars and cables with 

higher conductivity [46−48]. Nanostructured implants obtained using 

SPD are used in medicine and show increased biocompatibility and bet-
ter acceptability in human body that is promising way for creation of 

more effective and safer medical products. In addition, there has been 

research of SPD use in aerospace industry for creation of light and 

strong materials for aircraft construction as well as automobile manu-
facturing for creation of details with higher wearability. SPD oppor-
tunities are enormous, and further research in this area may lead to 

creation of new materials with unique properties and expansion of this 

technology area of application [49, 50]. 
 Main way of metal pressure treatment used in contemporary techno-
logical processes of wire making is drawing performed in one-piece die. 
This process is a key technological operation where two main tasks are 

solved: obtaining wire with set shape and size and forming required 

physical-mechanical properties, which define quality and functionali-
ty of the final product. For solving the first task size of initial billet 

(wire rod) should be carefully selected, intermediate billet size should 

be defined, and drawing transitions for each section should be calcu-
lated. This allows optimizing technological process and providing high 

preciseness of obtained product. Another aspect is choice of proper 

equipment and tools, which must correspond to set parameters and 

provide process stability. 
 The second task is to define steel grade, which will be used in the 

drawing process and to set optimal values of reduction per pass and 

overall reduction. These parameters are necessary to achieve set physi-
cal-mechanical properties regulated by corresponding state standards 

and technical conditions. It should be noted that wire properties such 

as strength, plasticity and corrosion resistance directly depend on 

choice of steel grade and processing conditions. 
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 However, despite all achievements in drawing, obtaining ultrafine-
grain structure providing high physical-mechanical properties of wire 

using traditional drawing in one-piece die appears to be impossible. 
This is related to quasi-monotonic character of deformation limiting 

the ability to achieve required material properties. As a result, re-
searchers and engineers started looking for alternative processing 

methods that could overcome these limitations. 
 A classic example of gradient-structure formation is non-monotonic 

shear deformation during drawing with controlled shear [27, 28]. In 

case of using low-carbon steel, this method allows to create structure 

gradient from coarse-grain core to nanostructure surface layers pos-
sessing ultrahigh microhardness. Experiments have proven multifold 

wearability increase for such processed products compared to initial 
material. However, it should be noted that gradient-structure for-
mation is just one of tools of managing properties. Gradient interac-
tion with other effects such as texturing, phase transformation and 

chemical composition change opens new possibilities for fine-tuning of 

local material properties. 
 Significant potential in this area is shown by dynamic strain ageing 

(DSA). DSA is seen at severe plastic deformation leading to formation 

of ultrafine-grain and nanostructural states [51, 52]. Simultaneously 

with grain size decrease, there is material strength and hardness in-
crease, which is related to point defects and dislocations build-up; this 

prevents dislocations movement. Combination of gradient-structure 

formation methods and DSA allows creating products with gradually 

changing properties from nano- to macrolevel. For example, a product 

with nanostructural durable surface layer changing into more plastic 

coarse-grain core, which provides higher impact viscosity. 
 Managing gradient structure and DSA opens prospects for creation 

of functional materials with set properties. For example, composite ma-
terials where gradient structure improves adhesion between compo-
nents or a product with controlled cracking resistance, where gradient 

transitions facilitate crack-propagation energy dissipation. Besides, 
development of gradient structure methods modelling and computer 

design allows optimizing technological processes and predicting fu-
ture material properties. Further research should be aimed at study of 

various deformation process parameters’ (temperature, deformation 

speed, deformation rate) impact on gradient-structure formation and 

DSA display as well as development of new control methods and meas-
urement of local properties in gradient-structure materials. In the 

longer term, this will allow to create high-efficient and durable prod-
ucts for various industries from machinery to aerospace and medicine. 
 Annealing is used in some cases to restore material plasticity, even 

if it means less gain in strength characteristics at SPD stage. Depend-
ing on specific case, further thermal treatment may simply restore ma-
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terial, while another one may cause local recrystallization. 
 Influence of such annealing is shown in Fig. 5 with types of micro-
structures and changes in microhardness of non-alloyed copper sam-
ples deformed by 8 passes of hot ECAP and then annealed at different 

temperatures [53]. 
 This tendency shows significant drop of microhardness between 

210°C and 250°C. Flow curves between initial copper state and after 8 

passes of ECAP show rise of strength properties to the detriment of 

plasticity, but annealing at 200°C for 20 minutes after SPD shows 

simultaneous rise of strength and plasticity properties, which is unu-
sual for annealing treatment effect. In authors’ opinion, this can be 

explained by formation of small recrystallized grains with fewer dislo-
cations than in initial grains, but their small size facilitates macro-
scopic increase of flow stress. 
 Another promising process allowing obtaining gradient microstruc-
ture in bars is cross rolling and one of its typesradial-shear rolling 

(RSR) patented in Ref. [54]. Its difference from cross rolling is rolling 

of one-piece bar through three-roll layout with large feeding angles. 
Unlike well-known processes such as equal-channel angle pressing and 

Bridgman anvil deformation, RSR has a number of advantages, includ-
ing lower deformation force, no limits for billet length and ability of 

rolling with significant elongation ratio without destruction. 
 Radial shear rolling differs from other metal pressure treatment in 

the fact that it does not only provide high quality of final product but 

also allows reducing its production costs significantly. In the process 

of radial shear rolling, typical spiral macrostructure formation occurs, 
which is explained by specific force and kinematic conditions appear-
ing during technological tool impact on the billet. Due to this, differ-

 

Fig. 5. Influence of annealing temperature on non-alloyed copper after 8 pass-
es of hot ECAP: microphotographs and change of microhardness depending on 

temperature (a) change of flow stress after annealing at 200°C for 20 minutes 

(b) [53]. 
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ent metal layers movement trajectories with different pitch and 

movement angle of screw lines display complex patterns. As a result, 
apart from general material structure reduction, there is layer-by-
layer orientation of reduced structure, where each layer obtains its 

own unique movement trajectory, which in its turn influences mechan-
ical properties of obtained product [55, 56]. 
 At RSR, deformation zone follows state of stress close to all-round 

compression with high shear deformations. In outer layer, each small 
trajectory-oriented element is exposed to compression deformation 

along billet radius (diameter), deformation along movement direction 

and, respectively, stretching deformation across the screwing trajec-
tory (Fig. 6). Metal structural composition elements obtain form of 

isotropic particles of high dispersion ability separated from each oth-
er. Tendency towards formation of structured banded orientation and 

reticulation caused by general billet elongation is thus suppressed. 
Such metal deformation conditions do not exist in any known station-
ary bar-making process. Overall, along the billet volume, metal heli-
coidal egress within the groove along set trajectories with slowing of 

surface layers and speed-up of core ones creates volumetric macro-
shear effect. Macroshear deformations are extremely favourable for 

non-defect plastic deformation of metal and facilitate significant in-
crease of billets’ technological deformability [54]. 
 Authors of the study [58] have shown obtained gradient microstruc-
ture of bar section (Fig. 7). However, this method can be used only for 

deformation of limited length bars, as the authors of Ref. [59] have 

noted, RSR uses very expensive planetary stands. 
 Study [60] performed experimental research of RSR technological 
possibilities for obtaining small-diameter titanium-alloy rods with 

gradient microstructure from small diameter ingots. Influence of roll-
ing patterns and thermal deformation conditions on macro- and micro-
structure of obtained ingots and mechanical properties was studied. 
Production layout, which was experimentally proven at RSR stands, 

 

Fig. 6. Radial-shear rolling overview [57]. 
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can be suggested as foundation for high-technological minirolling line 

with flexible production plan. 
 There are studies considering possibilities of combining RSR and 

drawing [61], since use of traditional drawing as final operation after 

various SPD processes allows to eliminate all drawbacks (geometrical 
roughness, pores, etc.) of preliminary deformation [15, 26]. 
 Study [26] looks into evolution of copper wires’ microstructure and 

mechanical properties during deformation in rotating equal-channel 
echelon matrix followed by drawing. As a result of deformation, ul-
trafine-grain gradient microstructure with high share of large-angle 

boundary grains was obtained. Use of such strengthened wire in con-
struction will allow reducing structure weight due to smaller diameter. 
 Study [15] developed new way of wire deforming‘pressing-
drawing’, which is more effective than previously known ways of ob-
taining metal with ultrafine-grain structure. The example of tough-
pitch copper deformed using pressing–drawing process shows that com-
bination of ECAP and traditional drawing leads to formation of struc-
ture with fine homogeneous equiaxial grain with mostly large-angle 

boundary. These results could be achieved using shear deformations oc-
curring in equal-channel matrix, which caused formation of material 
structure different from one formed through traditional methods. 
 As an alternative solution to improve metal deformation process, 
study [55] suggested innovative combination of radial shear rolling 

and traditional drawing. This technology forms a unique combination, 

 

Fig. 7. EBSD study of the gradient microstructures of rolled bar longitudinal 
sections [58]. 
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which allows increasing metal treatment significantly. The process be-
gins from rod rolling through cone-shaped rollers positioned at 120° to 

each other (Fig. 8). This specific configuration provides even defor-
mation spreading throughout material volume, which, in its turn, 

promotes structure homogeneity improvement. This is especially im-
portant for obtaining high-quality metal products with set properties. 
 Besides, combination of radial shear rolling and drawing allows re-
ducing overall treatment time significantly. This happens due to the 

fact that both processes, namely, deformation and rod profile for-
mation, are done simultaneously. This approach speeds up production 

process and reduces energy and material costs. 
 During simultaneous rod drawing through rollers and drawing-
block there are tension stresses, which, as studies have shown, reduce 

force required for drawing. This is caused by formation of screw-
shaped dents on rod surface after radial shear-rolling step. These dents 

do not touch drawing-block during drawing, which reduces overall 
force by 15−17%. This significant force reduction eases the process and 

increases equipment lifetime [62]. 
 Rod deformation is done using gripping unit, which carefully and 

effectively provides rod movement through both deforming units. In 

the gap between these two units, rod torsion occurs that additionally 

improves mechanical properties of the final product. 
 As a result of such deformation, gradient microstructure with im-
proved mechanical properties is formed in the rod (Fig. 9). 
 Thus, suggested solution combines advantages of both radial-shear 

rolling and traditional drawing, which allows optimizing metal treat-
ment process, improve product quality and reduce costs. Implementa-
tion of this technology may bring significant changes in metallurgical 
industry and open new possibilities for high-quality metal-products’ 
making. 
 Studies and experience accumulated over the recent years show that 

radial-shear rolling combines advantage of traditional methods and 

ability of intense grain-size reduction, even nanoparticles’ dispersion 

and controlled microstructure gradient state. 

 

Fig. 8. Rolling and drawing process overview [55]. 
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 Research presented in the study [63] looks into evolution of copper 

wires’ microstructure and mechanical properties during deformation 

in rotating equal-channel echelon matrix followed by drawing 

(Fig. 10). As a result of performed experiments, ultrafine-grain gradi-
ent microstructure with high share of large-angle boundary grains 

 

Fig. 9. Rod microstructure after deformation: rod section optical image (a); 
surface area (b); neutral area (c); central area (d) [62]. 

 

Fig. 10. Wire deformation overview [63]. 
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(Fig. 11) was obtained. This discovery is important for construction 

industry, as use of such strengthened wire in construction will allow 

reducing structure weight due to smaller diameter, which in its turn 

may lead to material saving and better operational characteristics. 
 Combination of cross rolling and following pressing in angle equal-
channel matrix allows to implement stressed–strained state with intense 

shear of surface metal layers during screw rolling in first deformation 

zone and combination of intense shear deformation of angular pressing 

and torsion in second deformation zone. In this case, central part of the 

billet, which was not fully treated in the first deformation zone, is in-
tensely treated in the second deformation zone through another proce-
durein echelon ECA matrix. This creates good conditions for for-
mation of ultrafine-grain structure throughout the whole round billet. 

Besides, study of angular pressing and torsion parameters is of interest. 

Technically, this is a process of continuous pressing with billet torsion 

elements inside the matrix, which increases level of cumulative defor-

 

Fig. 11. Copper wire microstructure after three deformation cycles. 
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mation throughout billet volume and facilitates central-area treatment. 

Same as in method [38], less homogeneous torsion deformation is covered 

by more homogeneous and intense shear deformation at ECA pressing, 

which evens out occurring non-homogeneity after torsion. 
 Combination of cross rolling and following pressing in angle equal-
channel matrix allows to implement stressed–strained state with in-
tense shear of surface metal layers during screw rolling in first defor-
mation zone and combination of intense shear deformation of angular 

pressing and torsion in second deformation zone. In this case, central 
part of the billet, which was not fully treated and elongated in the first 

deformation zone, is intensely treated in the second deformation zone 

through another procedurein echelon ECA matrix. This creates good 

conditions for formation of ultrafine-grain structure throughout the 

whole round billet. 

3. CONCLUSION 

Combining gradient structures and thermal treatment brings new pos-
sibilities for material properties improvement. Thermal treatment, 
such as annealing and tempering, may significantly change metal mi-
crostructure, which in combination with gradient properties allows 

achieving optimal combination of strength, plasticity and wearability. 
This is especially important for components working under heavy 

loads and temperatures. Thus, analysis of contemporary energy-saving 

technologies of obtaining metals and alloys with gradient structure 

and ability of combining them with thermal treatment is an important 

and promising area of research. This area not only promotes creation 

of efficient durable materials but also accepts challenges of contempo-
rary industry requiring implementation of innovative and sustainable 

solutions. In the future, further development of this area can be ex-
pected, which will lead to creation of new high-quality metal products 

with unique properties demanded in various industries. 
 Funding: This research has been/was/is funded by the Science 

Committee of the Ministry of Science and Higher Education of the Re-
public of Kazakhstan (Grant No. АР19678974). 
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The influence of the microstructure type of the titanium Ti6Al4V alloy on 

the formation of a cup-shaped part by two-stage hot plastic deformation by 

forging is studied. As found, surface cracks in a strictly localized region 

form in the case of a globular    microstructure, whereas this is not ob-
served in a microstructure with unrecrystallized plastic particles of the -
phase. A scheme explaining such a locking action of the -phase plates is pro-
posed, and performed finite-elements’ simulation has established the occur-
rence of a complex stress state in this area, which causes the nucleation of 

surface cracks. 

Key words: titanium, Ti6Al4V alloy, microstructure, hot deformation, 

forging, stresses. 

Досліджено вплив типу мікроструктури титанового стопу Ti6Al4V на 

формування чашоподібної деталі двостадійним гарячим пластичним де-
формуванням куванням. Було виявлено, що у випадку ґлобулярної  + -
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мікроструктури утворюються поверхневі тріщини у строго локалізованій 

області, тоді як у мікроструктурі з некристалізованими пластичними час-
тинками -фази цього не спостерігається. Запропоновано схему, що пояс-
нює таку замикальну дію пластин -фази, а проведене моделювання ме-
тодом скінченних елементів встановило виникнення складного напруже-
ного стану в цій області, що викликає зародження поверхневих тріщин. 

Ключові слова: титан, стоп Ti6Al4V, мікроструктура, гаряче деформу-
вання, кування, напруження. 
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1. INTRODUCTION 

Titanium alloys are ones of the most important structural materials 

for a wide range of applications due to the unique combination of their 

propertieshigh specific strength and ductility, fatigue characteris-
tics, corrosion resistance, and non-magnetism [13]. In addition, these 

alloys are characterized by good processability; to obtain the desired 

properties, they are subjected to various types of deformation and heat 

treatment [24]. These treatments can be divided into treatments for 

the purpose of creating a certain internal phase composition and mi-
crostructure (which determines the mechanical characteristics of the 

material) and treatments that form a specific product. Often, the op-
timal parameters and modes of these two types of treatments do not 

coincide. For example, to obtain the considered most optimal globular 

(equiaxed) microstructure in titanium alloys, thermomechanical 
treatment with compression ratios of more than 80 is required, car-
ried out at temperatures lower than the -transition temperature 

[3, 5]. At the same time, to simplify the processes of shaping in various 

types of deformation (from rolling to pressing and forging) and to use 

effectively equipment and tools, it is desirable to carry out defor-
mation processing at the highest possible temperatures. The latter ap-
proach critically spoils the microstructure of titanium alloys, cata-
strophically reducing their properties, firstly plasticity [5, 6]. At the 

same time, it is impossible to state unequivocally that titanium alloys 

have one universal microstructure for all cases and practical applica-
tions. For example, the highest strength characteristics are possessed 

by alloys with highly dispersed inclusions of the primary -phase ob-
tained by quenching from temperatures of a single -phase field and 

subsequent aging [1, 7], while the resistance to crack propagation and 

high-temperature creep is better in a coarse-grained lamellar micro-
structure [1, 6, 8]. The present work is concerned with the study of the 

influence of the structural features of the microstructure of the Ti6 

Al4V [wt.] alloy on its hot deformability in the manufacture of such 

a relatively simple, but widely used in real practice object as a ‘cup’. 
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2. MATERIAL AND EXPERIMENTAL PROCEDURE 

Two 30 mm rods (Fig. 1, a) of commercial Ti6Al4V [wt.] alloy 

produced by different companies were used as initial material to pro-
duce ‘cup’ shaped object (Fig. 1, b) by means of two-step hot forging. 
One of these rods has bi-modal type of microstructure type consisting 

of primary -globules and fine mixture of lamellae secondary    in 

all locationsin the centre and near the rod edge (Fig. 2, a, b). The sec-
ond one is characterized by similar bimodal microstructure in the cen-
tre (Fig. 2, c), but not completely recrystallized microstructure with 

laminated in longitudinal direction - and -phases in the zone near the 

edge of the rod (Fig. 2, d). 
 Hot forging of the samples of the rods with both microstructures 

was performed in two steps. In the first step, after heating at 920C for 

30 min, the outer hemispherical shape of the forged peace was formed 

with a die. Moreover, in the second, the inner cavity was formed using 

a reverse extrusion scheme of deformation. At least 5 forged pieces 

were produced from each type of the rods. 
 The manufactured forgings were first examined over their entire 

surface to detect possible defects. Cracks were found on the outer sur-
face of products made from the rod with microstructure 1, while prod-
ucts made from the rod with microstructure 2 had no defects. The arti-
cle containing surface defects was then cut (as shown in Fig. 3) for a 

detailed study of the microstructure and its relationship with crack 

formation. Microstructural studies were performed using scanning 

electron microscopy (SEM, using TESCAN Vega 3 microscope) on sec-

 

Fig. 1. Schematic presentation of the initial rod (a) and final shape of the 

forged piece (b). 
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tions prepared according to the standard method for this alloy in its 

etched with Kroll solution state [9]. 
 To explain the influence of hot deformation conditions on the locali-
zation of stresses and deformations during the formation of forged 

pieces, a finite element simulation was carried out by means of the fi-
nite element method [10] using the DEFORM 2D/3D software. Based 

on the modelling results, the deformed state was established and the 

distribution of effective strain i in the forging volume at various 

transitions was analysed: 
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Fig. 2. Microstructure of the 1
st

 (a, b) and the 2
nd

 (c, d) 30 mm rods in the 

initial state in the centre (a, c) and near the edge (b, d). (SEM, SE). 
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where Vr and Vz are radial and axial components of the velocity vector. 

3. RESULTS AND DISCUSSION 

3.1. Study of Microstructure after Hot Deformation 

During the initial visual examination, cracks were found in areas (A), 

(B) and (C) indicated in Fig. 3, b and Fig. 4, a. In two areas marked as 

(A) and (C), cracks are visible, directed tangentially at an angle of ap-
proximately 45 from the outer surface into the depths of the forged 

peace (14 in Fig. 4, a). The presence of such cracks in the products is a 

fact, causing their complete rejection. All these cracks had practically 

the same character and appearance. Details of the microstructure of a 

typical crack 4 are shown in Fig. 4, be. In Figure 4, b, it can be seen 

that the crack extends to a depth of approximately 2 mm from the sur-
face. At its most superficial edge (Fig. 4, clocations (A) and (B) are 

identical), traces of plastic deformation are visible in the areas both 

around the crack itself (marked by arrow 1) and at the outer surface of 

the forging (arrow 2). However, in the deeper zone at the tip of the 

crack (Fig. 4, c), it is already clearly visible that it grew along a narrow 

channel of a highly deformed structure, which is very similar to the 

adiabatic shear band (ASB [11], marked with an arrow). Moreover, this 

ASB extends dipper into the deformed material (Fig. 4, e). 
 An adiabatic shear band is a narrow region in a material, often a 

metal, where intense shear deformation occurs under high strain rates, 

leading to a rapid temperature rise that is not dissipated to the sur-
roundings. The formation of ASB involves complex microstructural 

  
a b 

Fig. 3. General view of the divisional ones of the forged pieces (a) and its 

cross-section in the layer (1), where the surface cracks were discovered (b). 
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changes, such as dynamic recrystallization, which contribute to the 

observed material softening [11, 12]. 
 These results of microstructural studies explain the nature of the 

formation of such deep cracks in the microstructure of the 1
st

 type due 

to the localization of deformation in certain areas of the surface with 

the formation of adiabatic shear bands. The special nature of such ASB 

 
a 

  
b c 

  
d e 

Fig. 4. General view (a) of section 1 (from Fig. 3, b), and microstructure of the 

crack 4 (be) in the different locations indicated in (b). Arrows in (ce) indi-
cate elements of microstructure discussed (SEM, BSE). 
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[13] leads to strong local heating of the material and its weakening, 

which causes cracking. Nevertheless, these results do not explain how 

the initial stage of the origin of such cracks occurs. In addition, this 

does not explain the fact that, in the microstructure of the 2
nd

 type 

with a banded structure of phases in the near-surface layers, cracks do 

not arise. 
 To solve this problem, additional studies were carried out in other 

areas to detect smaller cracks, those at the earliest stage of crack initi-
ation. Such cracks (Fig. 5) were found in area (B) shown in Fig. 4, a. In 

Fig. 5, a, b, it is evident that small cracks originate in the surface layer 

itself at the boundaries between the stronger particles of the -phase 

[8] and the softer interlayers of the -phase. Further, with increasing 

load, such cracks continue to spread in depth along the same ‘weak-
ened’ interphase / boundaries. A similar phenomenon, in principle, 

was observed earlier, mainly in the case of the spread of fatigue cracks 

under alternating loading [14]. 
 In the forged pieces obtained from rods with the second type of mi-
crostructure, no cracks were found. However, analysing the above re-
sults, one can come to a fairly well founded conclusion that even if such 

a microcrack can form on the surface, then, as can be seen in Fig. 2, d, 

there will be no such ‘weakened’ /-interphase boundary in front of 

it. 
 Instead, the tip of the microcrack will rest against a plate of strong-
er -phase, which will lie across its path. A comparison of these situa-
tions is shown in the form of a conditional diagram in Fig. 6. It is obvi-
ous that, for the propagation of cracks deeper inside the forging body 

(shown in Fig. 4), the nucleation of such small cracks on the surface is 

  
a b 

Fig. 5. Small (initial) cracks on the surface of forgings processed with 1
st

 mi-
crostructure rod. Red arrows indicate direction of cracks (SEM, BSE). 
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a necessary condition. 

3.2. Modelling of Deformation 

The results of modelling the temperature fields and the deformed state 

of the forging volume during each of the two deformation transitions 

confirm the hypothesis regarding the deformation nature of the local 
temperature changes (Figs. 710). First of all, it should be noted that 

the deformation production of a product of this shape is carried out in 

two stages: first, by forming an intermediate bell-shaped product from 

a cylindrical blank (Fig. 7, a), and then by forming an internal cavity 

inside it (Fig. 7, b). 
 As can be seen from Fig. 7, a, already at the first forging operation, 

in which the open-die forging scheme is implemented in most of the 

forging volume, preheated to 920С, deformation heating of the mate-
rial occurs, which is accompanied by an increase in temperature to 

  
a b 

Fig. 7. Distribution of temperature fields in the forging volume after the first 

(a) and second (b) forging operations. 

 

Fig. 6. Scheme illustrating influence of microstructure in the surface layers 

on surface cracks propagation. 
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more than 970С in local zones subjected to greater deformations. 
 In the second forging transition, the temperature of the lower (cy-
lindrical) part of the forging and the peripheral layers of the spherical 
part of its surface, due to contact with the colder working surface of 

the die, decreased to 750820C in the cylindrical part and to 

890960C on the lateral spherical part (Fig. 7, b). 
 The deformation nature of temperature changes in local zones of the 

forging is confirmed by the results of modelling the effective strain dis-
tribution across its cross-section (Fig. 8), which correlates quite closely 

with the nature of the temperature distribution. As can be seen in 

Fig. 8, a, the highest values of effective strain are observed in the cen-
tral zone of the forging during the first pass and decrease in the radial 
direction towards the peripheral areas. In contrast, the lower cylindrical 
zone of the forging is marked by the minimum values of effective strain. 
 At the same time, in the peripheral region of the forging, bordering 

the transition zone from cylindrical to spherical surfaces, there is a 

narrow region of increased deformation (indicated by an arrow), di-
rected tangentially at an angle of approximately 45 from the outer 

surface into the depths of the forged peace (Fig. 8, a). Its location and 

direction are similar to the area and direction of cracks in the forging, 

as shown in Fig. 3 and Fig. 4. 
 However, taking into account the fact that the effective strain is a 

scalar quantity, which is considered as a generalized indicator of de-
formations [15] to identify the causes of the cracks formation on the 

surface of forgings, it is obviously also necessary to have information 

on the distribution of radial and axial deformations over the volume of 

the forging at different stages of deformation. Thus, the analysis of 

the patterns of radial deformation fields distribution shows, that, sim-
ilarly to the pattern of the effective strain, already at the first stage of 

  
a b 

Fig. 8. Distribution of effective strain fields in the forging volume after the 

first (a) and second (b) forging operations. 
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the process in the peripheral region of the forging at the boundary of 

the transition from cylindrical to spherical surfaces, a narrow zone of 

increased level of radial deformations with a positive sign (arrow) is 

also formed, which corresponds to tensile deformations. 
 The level of the values in this zone after the first transition is in the 

range of 0.300.38 (Fig. 9, a); however, during the forging process at 

the second transition, they gradually decrease from 0.210.36 

(Fig. 9, b) to a value close to zero (Fig. 9, c, d). 
 The noted effect of reducing the level of the values at the second 

transition is due to the ‘wedge-forming’ action of the punch when it is 

pressed into the forging body, at which the rate of radial deformation of 

local volumes located in the zone of action of the punch acquires a sig-
nificantly negative value, i.e., compression deformations are realized. 
 Obviously, the hypothesis given regarding the mechanism of crack 

occurrence from the point of view of the deformed state of the forging 

can be considered debatable referring to the significantly larger values 

of tensile radial deformations in the central zone of the forging (direct-

  
a b 

  
c d 

Fig. 9. Distribution of radial deformation fields in the forging volume after 

the first (a) and second (bd) forging operations. 
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ly under the punch), reaching the values of 1.21.6 and more, in 

which, nevertheless, cracks are not observed. However, the assessment 

of the values of axial deformations z under the punch shows that, in 

this zone, they reach negative values up to 1.5–1.9 (which indicates 

a significantly compressive nature of the deformations). This fully 

compensates for the tensile radial deformations and makes it impossi-
ble for the material to crack in this zone. 
 In contrast, the value of z on the side surface of the forging in the 

area of crack formation, although it has a negative value (of about 

0.011) (Fig. 10), approaches zero in magnitude, which in no way can 

compensate for significant tensile deformations. 

4. CONCLUSION 

Thus, the results of the microstructure study clearly demonstrated 

that the formation of surface cracks in a strictly localized region oc-
curs in the case of the initial alloy microstructure of the globular type, 

which was previously considered the best in terms of mechanical prop-
erties. However, in contrast to this, the microstructure with incom-
pletely globularized phases showed no such cracking. Based on a de-
tailed study of the microstructure of surface layers and the nature of 

the initiation and propagation of such cracks in them, a scheme was 

proposed that shows the inhibitory effect of lamellar particles of the 

stronger -phase on the growth of a such surface cracks.  
 To explain the somewhat unexpected location of formation of such 

cracks, a finite element simulation of such hot deformation was car-
ried out. Based on the obtained data, a hypothesis is proposed regard-
ing the mechanism of crack formation on the side surface of the forg-

  
a b 

Fig. 10. Distribution of axial deformation fields in the forging volume after 

the first (a) and second (b) forging operations. 
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ing from the point of view of their deformed state. It is based on the 

formation of noticeable tensile deformations in this zone during the 

forging process, while local axial deformations approach zero in mag-
nitude, which in no way compensates for tensile deformations. 
 Part of this work was performed in G. V. Kurdyumov Institute for 

Metal Physics, N.A.S. of Ukraine within the framework of the project 

060/23 funded by the National Academy of Sciences of Ukraine. 
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